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ABSTRACT

Previous research had demonstrated superplastic behavior in aluminum-mag-

nesium alloys of high magnesium content to result from deformation processing to

1an initially non-recrystallized condition. Analysis here of those data has demon-

strated that such a result may be understood in terms of constitutive equations

developed for fine-grained materials and that the constitutive equations are appli-

cable to materials achieving grain boundary misorientations in the range of only 20

to 7' by a process of continuous recrystallization. The constitutive equations pro-

vide a basis for analysis of anomalous temperature dependence of the strength and

of the activation energy for plastic deformation seen as well in this work. A study

of the separate effects of processing variables has lead to a model for continuous

recrystallization during deformation processing. This model considers recovery of

dislocations to sub-boundaries to be the critical step in this process. Application

of this model to development of advanced aluminum alloys for air frame structural

applications will result in increased weight savings by such processing methods.
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I. INTRODUCTION

A. HISTORICAL REVIEW OF SUPERPLASTICITY

Superplasticity is the ability of some metallic materials to deform to extremely

large neck-free elongations under certain conditions of temperature and strain rate.

The first report of the phenomenon appeared in 1912 (Bengough, 1912; Rosenhain

and Ewen, 1912). Other early observations of superplasticity were made by Rosen-

hain (1920) in a cold rolled zinc-copper-aluminum ternary eutectic alloy, and by

Haughton and Bingham (1920) who described viscous-like behavior in fine-grained

metals. Sauveur (1924) noted that an iron bar twisted in temperature gradient ex-

hibited regions of easy twisting at the transformation temperature. Pearson (1934),

while studying mechanical properties of Sn-Pb and Bi-Sn alloys, reached relatively

neck-free elongations of up to 2000% in a Bi-Sn eutectic alloy in creep testing.

Bochvar and Sviderskaya (1945) in the USSR introduced the term "superplas-

tichnost" (literally ultra-high plasticity) to describe extreme elongations observed

by them in dilatometric investigation of eutectoid Al-Zn alloys. Their term was

subsequently adopted by other Russian workers and has generally been translated

as "superplasticity." The most active early Soviet investigator of superplasticity

is Presnyakov (1958, 1960). He and his co-workers studied Al-Zn, Al-Cu, Al-Si,

Al-Ni, Al-Fe, Cu-Zn, and Cu-Ni alloys and have published several review articles.

The effect is seen in either eutectic or eutectoid systems, but not in alloys with con-

tinuous solubility. The term "superplasticity" first appeared in English language

literature in a paper by Lozinsky and Simeonova (1959).

Although Pearson (1934) demonstrated the attainment 2000% tensile elonga-

tion, this result was largely ignored for almost 30 years (Edington, et al., 1976).

Interest was eventually stimulated by the first English language review by Un-

derwood (1962) of the Russian work together with the work of Backofen and his

coworkers in the U.S.A. (Avery, 1965, 1966; Holt, 1966; Backofen, 1968; Zehr,

1968). Up to that time, knowledge of superplasticity was limited. Certain
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alloys, mainly eutectics, were known to exhibit extreme elongation when deformed

at high temperature. The reason for this effect, the mechanism, its relation to mi-

crostructure, and the potential applications were all unknown. Since 1962, however,

research on superplastic alloys and the development of their commercial applica-

tions has been extensive. In a span of eleven years (1962 - 1973) many of the

unknowns became fairly well established (Alden, 1975):

Otna 04isa
a large value of the strain rate sensitivity coefficient m =9tni(M > 0.4) is an
essential and unique characteristic superplasticity (Backofen, et al., 1964);

e mechanical properties depend strongly upon grain size and strain rate (Avery
and Backofen, 1965; Alden, 1967);

* grain boundary sliding is an important deformation mechanism (Alden, 1967,
1969; Holt, 1968);

* the theory of diffusion-accommodated grain boundary sliding (Ashby and Ver-
rail, 1973) to reconcile these observations.

Several reviews of superplasticity have appeared in recent years and a number

of monographs have been published (Mukherjee, 1975; Gittus, 1975; Edington,

1976; Alden, 1977; Taplin, et al., 1979; Mukherjee, 1979; Wadsworth, et al., 1980;

and Sherby, et al., 1981). Also, since the early 1980's, conferences and symposia

on superplasticity and its applications have taken place annually. This reflects the

growing understanding of the phenomenon and its applications in industry.

B. PRACTICAL IMPORTANCE AND APPLICATION OF
SUPERPLASTICITY

Complex parts of intricate shapes can be produced in one piece by blow form-

ing processes comparable to those employed in plastics processing. Complex and

expensive tooling required in conventional metal forming operations may be re-
placed by simple one-piece tools; also, labor costs are reduced when components

are made from superplastic materials. The first application of superplastic forming

* (SPF) in the aircraft industry came with titanium alloy Ti-6%AI-4%V (Weisert

and Stacker, 1982; Williamson, 1982). Despite high material costs this alloy is em-

ployed due to its beneficial properties including high specific strength and relatively
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good high temperature stability as well as high resistance to corrosion (Hammond,

* 1982; Wertz, et al., 1983).

The successful production implementation of SPF of titanium, the demands

. for weight saving in aircraft construction, and the high cost of Ti-alloys, have lead

to interest in SPF aluminum (KIoyd and Moore, 1982; Hamilton, 1982). Supral,

nominally AI-6% Cu-0.4% Zr, is the most widely employed SPF aluminum alloy

industrially in the manufacture of secondary structural parts in the aircraft in-

dustry as well of components in the automobile industry (Grimes, et al., 1975).

Supral alloys have been developed to correspond to the tensile strengths of several

conventional alloys including the high-strength 7XXX-alloys.

Al-Li alloys (Wadsworth, 1983, 1984) are currently attracting much attention

for application in the aerospace industries. The general interest in Al-Li alloys

and SPF of them centers on the fact that Li is one of only two elements that

*significantly increase the elastic modulus and simultaneously decrease the density

of Al; the other element is Be. For aerospace applications, improvements in specific

modulus and specific strength directly lead to weight saving.

Finally, superplastic forming of nickel base alloys is used industrially in fab-

ricating aircraft engine parts (Merrik, 1982; Giami, 1982). A single integrated

component consisting of a disk with turbine blades has been produced. Super-

plastic forming of ultra-high carbon steels has also been introduced by Sherby and

co-workers in recent years (Sherby, et al., 1975).

C. ALLOY DEVELOPMENT FOR SUPERPLASTICITY

Superplasticity is enhanced by a homogeneous and refined grain size which

* should remain stable during the deformation process ( Alden, 1966; Griffith and

Hammond, 1972; Kayadi, et al., 1979; Gifkins, 1976). At first, refined and stable

grain structures were produced in eutectic or eutectoid alloys (Pearson, 1934; Lee,

1969; Ishikawa, et al., 1975). The structures were fine in the sense that the phases

are intimately mixed and the dispersed phase is small in scale. In contrast to pure

metals, such refined structures in these alloys may be grain size stable and the

grains may resist coarsening during annealing or superplastic deformation. The
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origin of this stability is the relative immobility of the interphase boundaries in the

structure. Some of the superplastic eutectics are mixtures of terminal phases while

others involve intermetallic compounds. Some examples of the former are Sn-Pb.

Sn-Bi, Pb-Cd, Ag-Cu and Zr-Al, and of the latter A1-33%Cu, Cu-9.5%Al-4%Fe

and Mg-33%Al (Alden, 1979).

Eutectoid superplastic alloys are relatively few in number. One important

example is the extensively studied Zn-Al eutectoid (Presnyakov and Chervyakova,

1960; Backofen, et al., 1964; Holts, 1968; Ball and Hutchinson, 1969; Darekar and

Chandhuri, 1970; Nuttall, 1972; Johnson, et al., 1972; Weiss, 1972; Young, et al.,

1972; Kayali, 1972; Vaidia, et al., 1973; Ishikawa, et al., 1975; Naziri, et al., 1975:

Sherby ' al., 1975; Yarovchuk, et al., 1976; Kaibyshev, 1978; Motohashi and Shi-

bata. 1980, 1982; Portnoy, et al., 1981; Senkov and Myshlyaev, 1986). The other

is the Fe-C eutectoid which has been investigated by Marder (1969), Yoder and

Weiss (1970), Young, et al., (1972), Kayali (1972). and Sherby, et al., (1975). If

the eutectic or eutectoid alloys are subjected to the appropriate thermomechanical

treatments, a fine phase size can be produced, which is stable at elevated temper-

. "ature for the separate phases inhibit growth in each other (Johnson, 1970: Davies,

et al., 1970).

While such alloys may show superplastic properties at high temperature, they

often contain large volume fractions of brittle phases which make the alloy brittle

at room temperature, thus limiting practical applications. It was thought at the

beginning that microstructures sufficiently fine to sustain the mechanisms of su-

perplastic deformation could be attained only in such alloys. If the grain size of

a nominally single-phase alloy remains fairly fine during the superplastic deforma-

* tion process, due to the presence of a small amount of stable, uniformly dispersed

and fine second phase particles that stabilize the structure and remain undissolved.

-: then a nominally single phase alloy could behave superplastically when deformed
under suitable conditions (Cline and Alden, 1967; Ujive, 1969; Matsuki, et al..

0" 1976). Ideally such alloys are single phase at an initial temperature of hot working
"and nd1ergo precipitation either immediately after the working or (uring working

at progressively lower temperatures. Materials of this type are Sn-5( - Bi, Pb-5(X
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Cd, Ni-Fe-Cr alloys, dilute Zn-Al alloys, probably Ti alloys and ally, the wrought

Al-alloys.

D. DEVELOPMENT OF THEORY AND MECHANISM OF

SUPERPLASTICITY

Backofen, Turner and Avery (1964) first noted that the basis of superplastic

flow is to be found in the strain rate sensitivity m of flow stress. Avery and Backofen

(1965) demonstrated the dependence of strain rate on grain size in superplastic

flow. Alden (1967) and Holt (1968) introduced the importance of grain boundary

sliding as a deformation mechanism in superplastic flow. Ashby and Verrall (1973)

put forward a widely recognized theory involving diffusion accommodated flow

based on a model in which grains were rearranged through a neighbor switching

process. They view superplasticity in terms of a transition between diffusion-

accommodated flow at low strain rates and dislocation creep at high strain rates.

' Most of the mechanisms proposed for superplastic flow rely on the fact that the

grain boundary sliding is the dominant mechanism in SPD ( Holt and Backofen,

1966; Stowell, et al., 1969; Lee, 1969; Ball and Hutchinson, 1969; Johnson, 1970;

Davies, et al., 1970; Mukherjee, 1971; Matsuki, et al., 1976). For this sliding to

occur continuously on all boundaries and for grain compatibility to be maintained,

at least one accommodation process should exist (Holt and Backofen, 1966; Davies,

et al., 1970; Mukherjee, 1971; Kashyap and Mukherjee, 1985).

Several models have been suggested. Ball and Hutchinson (1969) proposed a

model based on dislocation pile-up within the grains. They proposed that groups

of grains slide as a unit. Mukherjee (1971) proposed a similar model but assumed

that the grains slide individually rather than in groups. Gifkins (1976) proposed

a model, the physical basis of which puts emphasis on the role played by grain

boundary dislocations. He introduced the mantle and core concept. 7ihe man-

etl is envisioned as a region near the grain boundary ,.i which sliding and the

accommodation processes take place while the core is the non-deforning interior

reIgion. Arieli and Mukherjee (1980) proposed a model in which they assume that

the strain is achieved mainly by three-dimensional grain rearrangement which pro-

c(eeds by interface sliding accompanied by grain migration and grain rotation and
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accommodated by individual dislocations climbing in a narrow region ncar the

boundary and being annihilated into the boundary.

Nix (1984) considers slip within the grains to provide the torque for grain ro

tation: this rotation is a central feature of superplasticity. Recently, Sherby and co-

workers (1982) proposed phenomenological equations to describe superplastic flow

in fine-grain materials based on the core and mantle theory proposed by Gifkins.

They introduced the effective diffusivity concept to superplasticity to describe the

temperature dependence of superplastic flow. They concluded that grain bound-

ary sliding and migration, accommodated by slip processes at regions adjoining

the grain boundaries, constitute the most likely mechanism of deformation during

superplastic flow of fine grain size materials.

E. MICROSTRUCTURAL PREREQUISITES FOR
SUPERPLASTICITY

The first metallurgical requirement for superplasticity is a fine, equiaxed grain

structure. The reported dependences of strain rate on grain size can be grouped

into those showing inverse second power ( cx d- 2 ) and those showing inverse third

power ( rx d- ') (Sherby and Wadsworth, 1982). Because superplastic deformation

involves considerable holding time of ultra-fine grained structures at high temper-

ature, it is expected that grain growth will take place. The growth usually occurs

* •at an enhanced rate during deformation. The m value decreases with the increase

. in grain size, which in turn lessens the superplastic behavior of the material (Ed-

inton. et al., 1976). Decreasing the grain size increases and moves to higher strain

rates the maximum value of m. In order to retard grain growth, the presence of a

second phase is required. Inhibition of the grain growth is improved if the quantity

of the second phase is increased, provided the size of the second phase remains

fine and its distribution remains uniform. Also, the second phase must be able to

deform with the matrix to avoid stress concentration and early fracture.

The second structural prerequisite concerns the nature of the grain boundary

O The grain boundaries should be of high-angle character (Sherby and Wadsworth,

1982) because low-angle boundaries are not able to slide. The low-angle grain
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boundaries can be changed in some cases to high-angle ones either by a static dis-

continuous recrystalization process prior to before SPD or through a continuous re-

crystallization process in the early stages of superplastic deformation (Wadsworth,

et ad., 1980; Sherby et ad., 1981).

F. DEVELOPMENT OF SUPERPLASTICITY IN Al-ALLOYS

The development of superplasticity in various Al alloys including Al-Cu (Holt

and Backofen, 1966), Al-Zn (Ball and Hutchinson, 1969), Al-Ca (Piatti, et al.,

.:.: 1976), Al-Ga (Marya and Wyon, 1976; Weill and Wyon, 1979), Al-Pd, Al-Si, and

Al-Mg-Si (Otsuka, et ad., 1974) has been reviewed recently (Wadsworth, et ad.,

1984). Early investigations of superplasticity in alloys in which aluminum was the

major component were mainly limited to those of eutectic or near eutectic com-

position such as Al-33%Cu and none of these alloys possesses attractive service

properties. An investigation of a hypoeutectric Al-17% Cu alloy was introduced

with the objectives of developing a material which exhibits a superplasticity at

elevated temperatures and reasonable strength and ductility at room temperatures

(Cahoon, 1975). Probably the first alloy to be used in commercial forming op-

erations was based on the Zn-22%Al eutectoid alloys which possess remarkable

superplastic properties (Grimes, et al., 1975).

Grimes, et al. (1976), developed a high level of superplasticity in an Al-6%Cu-

0.5%Zr alloy that also has ambient temperature properties typical of a normal,

medium-strength aluminum alloy. This alloy differs from most superplastic alloys

in that only a relatively small proportion of the alloying additions are not present

in solid solution during superplastic deformation. It has been shown that by intro-

* ducing a dispersion of very fine but stable A13 Zr particles it is possible to produce

material in which the grain size is also extremely stable at elevated temperature.

This can be achieved with a volume fraction of second phase particles which can

be less than 0.6% (Grimes, et al., 1975).

Matsuki, et al. (1973, 1976, 1977), have reported that Al-Zn-Mg alloys, con-
taining zirconium and prepared by severe cold working and recrystallization to

give an equiaxed fine grain structure, can behave superplastically when deformed
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under suitable conditions. They reported that an A1-6%Mg alloy containing Zr,

Cr and Mn was also found to deform superplastically when produced in a heavily

cold-rolled and recrystallized condition.
Recent work by Wert, et al. (1981, 1982), has indicated that grain refinement

in commercial high strength, 7000 series, Al-Zn-Mg-Cu alloys is possible through

special thermomechanical processing. An attractive feature of this type of treat-

ment is that conventional commercial alloys can be thermomechanically processed

to a sufficiently fine grain size that they became superplastic.

Two general approaches have been used with aluminum alloys to obtain the

fine, stable structure that is required for superplasticity. The first approach is that

used by Wert, et al. (1981 'iS2) and Paton, et al. (1982), on developing su-

perplasticity in the 7XXX series high strength Al-alloys. Their approach involves

precipitation of an intermetallic phase followed by cold working to provide stored

* strain energy. Fine grains are produced by nucleation and migration of boundaries

upon subsequent heating. The fine grain sizes that are produced are prevented from

growing by the presence of a fine scale Cr-rich dispersoid. The second approach,

used by Watts, et al. (1976), utilizes Zr in amounts ranging from about 0.3 to 0.5

weight percent to maintain very fine grain sizes through fine scale precipitation of

Al Zr. Superplasticity was observed after thermomechanical treatments leading to

continuous recrystallization, a process of transforming an initially deformed struc-

ture to a recrystallized condition in the absence of high-angle boundary migration.

G. OUTLINE AND CONTRIBUTIONS OF THIS THESIS

The Al-Mg alloys of interest in this research are part of an alloy system which

has been extensively studied. Thus the high temperature creep characteristics of

Al-Mg alloys as an example of C]Pss I solid solution alloy behavior ale introduced.
Models, mechanisms and phenomenological equations of superplasticity are then

discussed along with current understanding of phenomena involved in microstruc-

O. tural evolution.

Subsequently, a model based on interaction of a dislocation creep processes and
superplastic deformation by grain boundary sliding, as described by Sherby and
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Wadsworth (1982), is presented to describe behavior of these thermomechanically

processed (TMPed) Al-Mg alloys. Later chapters consider effects of TMP variables,

leading to a new model to describe microstructural evolution during TMP. Finally,

application to other Al-base alloys, where lower temperature superplasticity of

interest, is considered.
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II. HIGH TEMPERATURE DEFORMATION AND
MICROSTRUCTURAL EVOLUTION IN Al AND Al-Mg ALLOYS

A. CONSTITUTIVE EQUATIONS FOR CREEP

AND SUPERPLASTICITY

1. Classification of High Temperature Creep

Deformation of metals at elevated temperatures is often a.uracd " -,

a power law relation of the form i x a" where i is the creep (or strain) rate, a

is the stress and n = 1/m is the stress exponent. Two general classes may be

distinguished by the value of the stress exponent. Class I (alloy type, or class A) is

found to exhibit a stress exponent of 3. Class II (metal type, or class M) behaves

like pure metals with n = 5. Creep of many pure metals follows class II behavior,

while creep behavior of alloys falls into one of these two classes (Sherby and Burke,

. 1967; Bird et al., 1969; Cannon and Sherby, 1970; Murty et al., 1972; Mohammed

and Langdon, 1974; Murty, 1974). The steady state creep behavior of Al-Mg alloys

is recognized as a typical example of class I. The substructure formed during creep

consists of a uniform distribution of dislocations with little evidence of well defined

subgrains. On the other hand, in class II a regular array of subgrains is formed.

The first attempt to predict the class of creep behavior in solid solution alloys was

* made by Cannon and Sherby (1970). They concluded that class II will be found in

alloys with large elastic modulus, whereas class I is favored when the atom misfit

ratio, and thus the dislocation solute interaction, is large.

2. Creep of Pure Al

Creep of polycrystalline pure metals in general and of pure Al in particular

has been thoroughly studied by many investigators (Servi and Grant, 1951; Harper

and Dorn, 1957; Barrett et al., 1972; Mohamed et al., 1973; Luthy, et al., 1980;

Mohamed and Ginter, 1982). It is often proposed that the steady state creep rate

* . , can be described by the following relation:

il K (2.1)

b2,_E
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where K is a constant approximately equal to 1011 for high stacking fault energy

metals, Deff is the effective diffusion coefficient, b is the Burgers vector, a is the

applied stress, and E is the dynamic unrelaxed average Young's modulus. Equation

(2.1) describes the creep rate in the power law region. Sherby et al., (1977, 1979)

used Garofalo's (1963) expression to describe the data in both the power law and

power law breakdown regions, i.e., at intermediate and high stresses. Equation

(2.1) becomes
=K 1Djf sinh (a a) (2.2)

a5 K E
where for aluminum K 2x 1012, b is Burger's vector (2.8 x 10- 0 m), and a = 2600

(it is the value of (f)-' at the start of power law breakdown). It was shown (Wu

and Sherby, 1984) that the predicted curve using Equation (2.2) coincides with

experimental data over 21 orders of magnitude of diffusion compensated strain

rate (i/Deff) and three orders of magnitude of modulus compensated stress 0/E.

Equation (2.2) is valid for coarse grained, polycrystalline, high stacking fault energy

materials. It has also been demonstrated that the steady state creep rate of pure

polycrystalline face centered cubic metals is related to the stacking fault energy by

the relation
is cc 0(2.3)

where - is the stacking fault energy. Thus the effect of stacking fault energy can

be expressed (Sherby and Burke, 1968, Mohamed and Langdon, 1974) as

K =k ( ) (2.4)

where K is a material constant. Incorporating the stacking fault energy term in

Equation (2.2) yields

K (y/Eb) 3 (Deff (.5e s a (sinh (aE(2.5)
S.

Addition of alloying elements to pure metal decreases the stacking fault energy, thus

decreasing the steady state creep rate, either directly by increasing the distance

between partial dislocation or through the development of fine subgrains in low
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stacking fault energy material (Sherby and Burke, 1967). The dashed line in Figure

2.1 represents creep of pure Al and was calculated using Equation (2.5) and the

data of Wu and Sherby (1984).

3. Creep of Class I Solid Solution Alloys

A Cottrell atmosphere forms preferentially around edge dislocations when

the difference in size between the solute atom and the solvent atom is large. In the

presence of a solute atmosphere, an additional stress is required for glide motion

-of the dislocations. The extra stress is called the dragging stress. As the disloca-

tions attempt to move in response to an applied stress, the solutes may also move

diffusively and are pulled along by the dislocations. Weertman (1960) derived an

equation for the steady state creep rate ig for such a glikc , ontrolled process, which

may be written as
.r(1 - v)(2(1 + V)) 2 E (E)3-"-ti (2.6)

6A" 6

where i is the glide-controlled creep rate, v is Poisson's ratio, and A is a constant

which depends on the details of the solute-dislocation interaction which can be

evaluated from the details of this interaction. There are two approaches to calculate

the value of A.

The first is based on the Cottrell and Jaswon (1949) model. For their

model, A was calculated by Weertman (1960) to be equal to

A: .e 2 cb5 G 2

A= kT (2.7)

where e is the atom misfit parameter or the fractional size difference between the

solute and solvent atom, c is the solute concentration, G is the shear modulus

•(C = E/2(1 + v)), k is Boltzmann's constant, T is the absolute temperature and

D is the chemical interdiffusity. The parameter e is the linear derivative of the size

factor (King 1966).
3

e=( ) 1 (2.8)
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where £28 is the effective atomic volume of the solute and lA is the atomic volume

of A in pure A. For binary solid solutions, b is given by the Darken (1949)

expression for binary solutions

(XADB + XBDA) nA (2.9)

where XA and X- are the atomic fractions of A and B atoms, DA and DB are the

tracer diffusivities of the A and B atoms in the AB alloy, and YfA is the activity

coefficient of the A species. b may be approximated by using the tracer diffusivity

data (Mohamed and Langdon, 1974).

The second approach developed by Friedel (1964) and subsequently elab-

orated by Bird et al. (1969) considers A to be independent of the solute con-

centration and the solute-solvent size difference. Friedel (1964) assumes a strong

. dislocation-solute interaction resulting in a short range interaction of solutes with

the dislocations and essentially saturation of dislocations with solutes for ordinary

solute concentrations. Using this model, A is given by

2kTA =A - (2.10)

Substituting the value of A given in Equation (2.4) or (2.7) into the general Equa-

tion for glide-controlled creep (Equation (2.3)), gives for Cottrell-Jaswon (1949)

analysis:
*-87r( - v)( + v)' kTb

.,, - 2 (2.11)
3 Eecb5 _E

and for the Friedel model

_ r(1 - v)(2(1 +V)) 3 EbbD ,
.g- 12kT E

Equation (2.11) shows an inverse dependence of creep rate on solute concentration

and the square of the atomic misfit e, while equation (2.12) shows that the creep

rate is concentration independent.

Mohamed and Langdon (1974) analyzed glide controlled creep based on the

concentration dependent Cottrell and Jaswon model. According to Mohamed and
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Langdon (1974), addition of Mg to Al decreases the creep rate and thus strengthens

the material. Increasing the Mg concentration should be expected to lead to an

increase in the stress and result in a concentration dependent behavior such as

that of Equation (2.11). More recent analysis by Oliver and Nix (1982) on the

effect of Mg content on the creep behavior of Al-Mg solid solutions has shown

that the data for alloys containing from 2.2-5.0%Mg fall on a common curve. A

similar analysis by Northwood (1984) on the data for material containing 1.7-3%

Mg has been found to fit the same curve. As will be seen later in the next chapter,

data for high Mg, alloys containing up to 10.2% Mg fall on the same curve as the

data for lower Mg content alloys. This suggests that the creep resistance of Al-Mg

solid solution alloys is concentration independent above 1.7% Mg. As suggested by

McNelley (1987), the addition of smaller amounts of solute of small size difference

may result in glide creep governed by Equation (2.10) in which the creep rate is

4 concentration dependent. When the solute concentration is increased, dislocations

become solute saturated and the addition of more solute has little further effect

on the dislocation motion and therefore does not lead to further decrease in creep

rate. Equation (2.11) underestimates the creep rate. Equation (2.12), based on

the Friedel model, describes the creep behavior more accurately.

The Al-Mg solid solutions exhibit power law breakdown at 10 -

(Oliver and Nix, 1982). Following Garofalo's (1963) approach and as Wu and

Sherby (1984) have done, a hyperbolic sine law is suggested to describe the creep

in both the power iaw and power law breakdown region. This is done by replacing

the term

[-]3 with sinh ag

Equation (2.12) becomes

7r( - v)2( + V) 2 Ebb a 3 ~N
• 312akT sinh ag E (2.13)

or

3 -E a sinh (2.14)
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where ag is the value of at the onset of power law breakdown and Kg

is a concentration independent factor describing the retarding force exerted upon

dislocations by solutes that saturate the dislocation.

*4. Transitions in Creep Behavior of Al-Mg Solid Solution

Dislocations move by sequential glide and climb processes. The total creep

rate will be determined by the slower process for sequential glide and climb
1 _1 1 (.5

= +  -(2.15)
ft EC fg

where it is the total creep rate, i, is the climb-controlled creep rate given by

Equation (2.2) or (2.5) and ig is the glide controlled creep rate. Rearranging,

.- + g (2.16)

4-" For pure metals i << i. and thus it ; i,. For alloying additions having a strong

interaction with dislocations, i. will decrease due to the solute dislocation inter-

. action. Thus when ig = c a transition from climb-controlled to glide-controlled

creep takes place. Al-Mg alloys exhibit such a transition in behavior in the form of

change in the stress exponent. The creep behavior of the alloy changes from that

of the alloy class to that of the metal class as the applied stress is reduced below

a certain critical value; the data for Al-Mg exhibit this transition at "10'.

Figure 2.1 has three curves. The dashed curve describes the creep behavior

. .,of coarse grained pure Al as given by Wu and Sherby (1984). The dotted curve
describes the creep behavior for Al-Mg solid solutions containing from 1.7-5% Mg.

As we will see later the Iata up to 10% Mg fits the same curve. The solid curve

-9 is the predicted curve using the Friedel model for a concentration- independent

creep rate, modified by the hyperbolic sine relation for the stress dependence. This

latter model is assumed to act in series with the climb-controlled relation given by

Equation (2.5). Applying Equation (2.15) gives the result seen in the lower part

O of Figure 2.1 where a transition in stress exponent from n=3 to 5 is seen as

decreases.

L%4
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5. Models for the Mechanisms of Superplasticity

Same of the more general features of models for superplastic deformation

were introduced in Chapter I. Here, more detailed discussion of these models, lead-

ing to introduction of constitutive equations for superplastic flow, is given. Ball

and Hutchinson (1969) proposed a model in which dislocations pile-up within the

grains (Figure 2.2). They considered that groups of grains slide as a unit until

unfavorably oriented grains obstruct the sliding process. The stress concentration

is relaxed by dislocation motion in the blocking grains. These dislocations pile-up

against the opposite grain-boundary until the back stress prevents further activa-

tion of the source and stops sliding. The leading dislocation in the pile-up climbs

into and along the grain boundaries and is eventualy annihilated.

Mukherjee (1971) proposed a similar model in which the grains slide in-

dividually (Figure 2.3). Dislocations, generated by ledges and protrusions in the

0 grain boundaries, traverse the grains and pile-up at opposite grain boundaries. The

rate of sliding is then controlled by the rate of climb of the leading dislocations

into annihilation sites at grain boundaries. Mukherjee (1975) proposed a modified

version of his original model in which the grain boundary sliding is rate controlled

by dislocation motion in the grain boundary by a combined climb-glide process.
Gifkins (1976) proposed a model which places emphasis on the role played

by grain boundary dislocations (Figure 2.4). In this model, grain boundary dis-

locations (GBD's) move to give grain boundary sliding and then pile-up at triple

edges. Under the stress concentration they dissociate into lattice dislocations in

the sliding grains and then glide and climb in a mantle along the adjacent grain

boundaries where their motion results in grain rotation. They are annihilated or

recombine to form new GBD's. The mantle is a region near the grain boundary in

which the accommodation processes take place and surrounds a core not involved

in the accommodation processes, but which must also deform (Figure 2.5).

Arieli and Mukherjee (1980) proposed a model in which they consider that

the strain is achieved by three dimensional grain rearrangement which proceeds by

interface sliding followed by grain rotation. Accommodation is by climbing of

individual dislocations into a narrow region near the boundary where they are
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blocking grains

slip to accomodate

sldn

Figure 2.2 Slip accommodation of grain boundary sliding. Dislocations pile
tip within the blockinig grains and climb of the leading dislocations in these
)Ileus controls the slidingpocs The grains slide ingroups (adapted from

Ball and Hutchiinson, 1969).
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" annihilated. The individual dislocations, when climbing the short distance to the

boundary, create new dislocations by the Bardeen-Herring mechanism. The stress

concentrations created by the dislocations climbing into the boundary are relaxed

by grain boundary diffusion. The dislocation activity in the narrow region near

the boundary is the major accommodation mechanism for sliding. Because of the

different sliding rates at different boundaries the grains rotate.

Some of the proposed models consider that accommodation is by disloca-

tion motion within the grains (Matsuki, et al., 1976 and Nix, 1984). Slip within

the grains must occur to provide torque necessary for grain rotation, a central

feature of superplasticity. Other authors see that the accommodation process is

by slip occurring both within the grains and in the vicinity of the grain bound-

aries. According to other models (Gifkins, 1976; Ruano and Sherby, 1982; Arieli

-- and Mukherjee, 1980) the accommodation is by slip processes in the mantle. Shin,

et al. (1987), through transmission electron microscopy studies, show dislocation

activity near some grain boundaries. This too is consistent with the view that

superplastic deformation is controlled by grain boundary sliding accommodated by

slip processes in the mantle region.

6. Phenomenological Equations for Superplastic Flow

Slip, diffusional flow and grain boundary sliding are three principal pro-

cesses of plastic flow (Ruano, et al., 1981, 1985, Shin, et al., 1987). These mecha-

nisms are independent and the fastest is rate controlling. Creep 'quations discussed
earlier may be written in an alternate form

(' "'" An QC

=,A' ( )exp- (2.17)"d " RT

where is the creep rate, A', n, and p are constants depending on the deformation

mechanisms, a is the creep stress, E is the dynamic unrelaxed average Young's

modulus, d is the grain size, b is the Burger's vector, R is the gas constant, T is the

absolute temperature and Qc is the activation energy for the creep mechanism.

For slip, p is usually 0; n is either 3, 4, 5 or 7, and Qc is equal to the activation

energy for solute diffusion, Q,, the activation energy for lattice diffusion, QL, or the

activation energy for pipe diffusion, Qp. Some of these processes were considered
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sliding direction

slip to accomodate

* sliding

Figiire 2.3. Slip aiccommrodation of grain boundar sldig Dloaionsar
emnittedl from lediges and pile tip within the sliding grains. The grains slide
indlividually (adapted from Mukherjc, 1969).
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dislocations triple point

I -lu'leA-

* Figure 2.4. Grain boundary sliding accommodated by slip. Grain boundary
pislocations pile up at boundary triple points and then dissociate into lattice

islor ations in the sliding grains, ard undergo climb in the mantle. The ac-
cotlmodation process is by moving of dislocations in the mantle (adapted from
Gifkins, 1976).
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mantle accommodation

processes, boundary
-sIlidng

"'--p

slip processes

subgrain formation
- a

.- ",mantle

core

b

. Figure 2.5. Core and mantle regions of a grain. At high strain rates and
low temperatures, core processes dominate (a) while the mantle processes
dominate deformation behavior at low strain rates and high temperature (b)

. - (adapted from Gifkins, 1976).
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earlier in Section IIA. For diffusional flow, n = 1; with p 2, QC = QL; and with

p = 3, Qc = Qgb. For grain boundary sliding, n = 2; with p = 2, Qc = QL; with

p = 3, Qc = Qgb, where Qgb is the activation energy for grain boundary diffusion.

Sherby and Wadsworth (1982) propose that superplastic flow by grain

boundary sliding may be described by a constitutive equation of the form

-~ .. '~D~ff /(6\2
epf A" - (2.18)

where ipf is the strain rate during superplastic deformation, A" is a material

constant containing the b2 term, D ff is the modified effective diffusion coefficient,

d is the grain size, a is the flow stress, and E is the elastic modulus. Tiie modified

effective diffusion coefficient D*ff is given by

D ff = gLDL + CggbDgb (2.19)

where DL is the lattice diffusion coefficient, C is a constant which is equal to 0.01

for superplastic deformation, gL is the fraction of atoms associated with lattice

diffusion, ggb is the fraction of atoms associated with grain boundary diffusion

(ggb ' 7 where 6 is the thickness of the grain boundary layer which is usually

taken as 2b, where b is the Burger's vector) and Dgb is the grain boundary diffusion

coefficient. Because
7r6

ggb = - <<LgL -- 1 and
d

Equation (2.19) can be written as

C D +C7rbDff = DL + - Dgb (2.20)

SDf is the weighed average of the lattice diffusion coefficient and grain bound-eff
ary diffusion coefficient, and the weighting factor C6 is essentially the fraction of

atoms associated with the grain boundary layer. The coefficient C c-_ 0.01 was in-
"t. troduced to reflect the observation that grain boundaries are not as effective as high

diffusivity paths as usually anticipated in the definition of D ff (with C = 1.0).

Equation (2.20) implies that superplastic flow is controlled by lattice diffusion when

DL >> (C-) Dgb; under such conditions the deformation rate is proportional to
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the inverse square of the grain size, i.e., ispf cx d 2 . Conversely at lower tempera-

tures and with a fine grain size where (C-6) Dgb >> DL, grain boundary diffusion

controls the superplastic flow and deformation rate is proportional to the inverse

cube of the grain size ipf cx d- 3 .

At sufficiently low temperature the high diffusivity paths around disloca-

tions can also act as short circuits effectively speeding the overall diffusion process.

An effective diffusion coefficient DL,eff was developed by Hart (1957) to describe

the additive contribution of lattice and dislocation pipe diffusion to the overall dif-

fusion process in grain interiors. In essence, this term modifies the lattice diffusivity

DL in Equation (2.20). This DL,eff can be expressed by

DL,eIff = fLDL + fpDp (2.21)

where fL is the fraction of atoms associated with lattice diffusion (fL f-- 1.0) fp

is the fraction of atoms sites in the high diffusivity dislocation pipes and DP is

the dislocation pipe diffusion coefficient. The fraction fp is a variable with the

dislocation density:

f P _(2.22)

where n is the number of atoms at dislocation cores contributing, to pipe diffusion,

N is the number of atoms per (meter)2 (N = = 2.5x 10 5 ) and p is the dislocation

density. The dislocation density is related to stress through Taylor relation

,10 ( a'\2
P- b (2.23)

Substituting for p in Equation (2.22) gives

assuming that about 10 atoms contributing to dislocation pipe diffusion at each

lattice plane threaded by a dislocation, fp = 200 E This leads to

DLeff = DL + Dp 200 ( I]and

4[DL + 2OD+ (2.24
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At low DLthe term 200D - 2 and can be neglected. Under this low

stress condition (at a higher temperature) and for coarser grain material Equation

(2.24) simplifies to

..i'p( ) Al (2.25)
d2 E

°

-" and Qc = QL; also, a a/d dependence of the strain rate is predicted. For finer

grain structures at somewhat lower T, where -6D b >> DL,

i"pf " = (2.26)

and Qc = Qgb with a o2 /d 3 dependence of the strain rate. At high stresses, the

term Dpfp may dominate Deff. Then the term 20ODp (_1)2 >> DL and

i pf A ;(2.27)

now, Q, Qp. Equations (2.25)-(2.27) predict a stress exponent of 2 at lower

stress and a stress exponent of 4 at high stress.

B. RECRYSTALLIZATION MODES AND MICROSTRUCTURAL
EVOLUTION

Dislocations are generated when a metal is plastically deformed. The dislo-

cation density increases very rapidly due to the interaction of mobile dislocations

with each other and with dislocations already present. Subsequent recovery may

take place through two processes, annihilation and polygonization.

1. Annihilation

Annihilation of excess dislocations occurs by coming together of dislocation

6 segments of opposite sign (that is, negative edge dislocations with positive edge

dislocations, and left hand screw dislocations with right hand screw dislocations)

(Reed-Hill, 1973). In this process both slip and climb mechanisms are involved.

2. Polygonization

The excess edge dislocations form arrays that constitute low-angle grain

boundaries. When edge dislocations of the same sign accumulate on the same slip

plane, their strain fields are additive. If the same dislocations are stacked one
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above the other on parallel slip planes, the strain fields of the adjacent dislocations

partially cancel each other. These low-angle boundaries are called subboundaries

and the crystals that they separate subgrains. An edge dislocation moves by slip

on its slip planes or climbs in a direction perpendicular to its slip plane. Both kinds

of motion are required in polygonization. At low temperatures edge dislocations

cannot climb. Because dislocation climb depends on the movement of vacancies,

the rate of polygonization increases rapidly with temperature. Slip also becomes

easier at high temperatures. Thus the higher the temperature the more complete is

the polygonization process. The next step in substructure evolution is coalescence

of these low-angle boundaries where two or more subboundaries combine to form a

single boundary. The angle of rotation of the subgrain across the boundary grows

in this process if the density of dislocations in the boundaries increases.

a. Dynamic Recovery

* When these processes take place during plastic deformation, the metal

is said to undergo dynamic polygonization or recovery (McQueen, 1968, 1977; Mc-

Queen, et al., 1967, 1973; McQueen and Jonas, 1975). Dynamic recovery occurs

more readily as temperature is increased again because the mobility of the dislo-

cations increases. Dynamic recovery occurs most easily in metals of high stacking
fault energy. The primary mechanism involved in dynamic recovery is the cross

slip.

b. Static Recovery

.. . In static recovery, the movement of the dislocations into cell walls

occurs as a result of the interacion stresses between the dislocations themselves.

In dynamic recovery, the applied stress causing the deformation is added to the

O stresses acting between the dislocations. As a result, dynamic recovery effects may

extend to lower temperatures (McQueen, 1977, 1968; McQueen, et al., 1967, 1973;

McQueen and Jonas, 1975).

3. Recrystallization

In recrystallization, a new set of grains is formed. New crystals are nucle-

ated at points of high stored strain energy in the lattice (Doherty, 1978). A number

of models for the mechanisms of recrystallizations have been proposed. According
0
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to Cahn (1950) and Beck (1949), polygonization may produce a subgrain capa-

ble of growing out into the surrounding polygonized matrix. Another mechanism

proposed by Li (1962, 1966) involves the concept of subgrain coalescence or the

combination of subgrains to form a strain free region large enough in size to grow.

The formation and motion of a high angle boundary of sufficient mobilities

to act as a reaction front and sweep through surrounding material is termed dis-

continuous recrystallization. It is a nucleation and growth process. Alternatively,

formation of subboundaries, by either or both of dynamic or static recovery pro-

cesses, such that boundary misorientation increases to moderately large values, is

termed in-situ or continuous recrystallization

4. Discontinuous Recrystallization

When a mobile grain-boundary is present, it is subjected to a number of

forces. The sum of these forces V F together with the grain-boundary mobility m

* determine the growth rate v of the recrystallization front (Figure 2.6):

V m F. (2.28)

Such a boundary could either be one formed within the original microstructure, or

one which has been formed by a nucleation process involving subgrain rearrange-

ment. The necessary condition for discontinuous recrystallization, i.e. for migration

of a recrystallization front (Haessner, 1978; Koster; Hornbogen and Koster, 1978),

is

F. + F, > Fp + F. (2.29)

where F, is the driving force associated with the elimination of dislocations and/or

subgrain boundaries, F, is the driving force due to discontinuous precipitation of

particles within the advancing boundary, or for the transformation of metastable

particles into stable ones, F, is the retarding force due to segregation of foreign

atoms from the solid solution into the reaction front, and Fp is the retarding force6
exerted on the migrating boundary by stable precipitated particles. If this condition

is not satisfied, the reaction front does not move and discontinuous recrystallization

will not occur.
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Figure 2.6. Schematic diagram of discontinuous recrystallization. F" and F,
S are driving forces for recrystallization while F, and Fp are the retarding forces.

For discontinuous recrystallization to take place and the reaction front to be
->': able to grow the driving forces should exceed the retarding force, F" + F, >

F. + Fp (adapted from Haessner, 1978).
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5. Continuous Recrystallization

If it is assumed that no grain boundaries are present or that existing

grain boundaries are held by preferential precipitation, i.e. Equation (2.29) is not

satisfied, no recrystallization by the formation and migration of a reaction front

can occur. It is still possible to form essentially strain free regions, i.e. new grains,

by the continuous recrystallization process. For example, when a particle located

at a dislocation node dissolves, these dislocations can migrate more easily than

those still pinned by particles. A subgrain boundary thus can be annealed out

by Y-node motion or rotation of a subgrain as illustrated schematically in Figure

2.7 (Hornbogen and Koster, 1978; Haessner, 1978). The defect-free areas and the

angles between them increase, leading to a gradual increase in sub-grain size and

an increase in the misorientation between subgrains. Growth can proceed when

the dislocation networks assume the character of grain boundaries even though the

condition for discontinuous recrystallization may still be unfulfilled. This process

leads, without any migration of recrystallization fronts, to a grain structure dif-

fering from the discontinuously recrystallized structure only in the distribution of

grain size and particles and in the texture. Continuous recrystallization by sub-

grain growth leads to retention of rolling texture, while recrystallization by motion

of high angle boundary leads to a change in texture.

6. Competition Between Continuous and Discontinuous

Recrystallization Modes.

Depending upon the supersaturation, the amount of work, the density and

distribution of dislocations, segregation of solute atoms, the presence of particles

associated with dislocations, and temperature a binary alloy can recrystallize either

continuously or discontinuously. Figure 2.8 summarizes the influence of concentra-

tion on the recrystallization behavior of deformed, supersaturated Al-Mg alloys.

In region I, the a-phase solid solution, normal recrystallization takes place without

precipitation. Crossing the solubility line into the two phase (a + 3) field, recrys-

tallization with subsequent precipitation is expected in region II. In region III, the

precipitation and recrystallization processes exert a mutual influence; in this re-

gion, discontinuious recrystallization with concurrent precipitation exists. In stage
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IV only continuous recrystallization occurs. In the thermomechanically processed

Al-Mg alloys, zones II and III likely are very small and extend to near the solvus

line. For the Al-10%Mg-0.1%Zr and for Al-10%Mg-0.52%Mn alloys studied, the

continuous recrystallization zone apparently extends above 300'C.

According to Wert, et al. (1985), to obtain continuous recrystallization the

comparatively rapid discontinuous recrystallization reaction must be suppressed.

This requires drag on the boundary sufficient to prevent discontinuous recrystal-

lization. Particle dispersions can provide this necessary drag force, suggesting that

continuous recrystallization may be observed in alloys containing high densities

of small particles. According to Tweed, et al. (1984), the drag pressure on low

angle' _adaries is lower than that on high angle boundaries for a given value of

-. where f is the volume fraction of particles and r their size. This allows the

low angle boundaries to migrate while high angle boundary motion is suppressed.

* The continuous recrystallization is thus encouraged by the presence of fine scale

zirconium containing precipitates, by the presence of a high Mg content in solu-

tion, i.e. by high supersaturation (Ahlborn, 1969; Grimes 1975; 1976; Gardner and

,Grimes 1979; Wert, et al., 1985; Nes, 1985; Nes, et al., 1985). In Chapter VII,

the competition between the two modes will be discussed in conjunction with the

microstructure evolution during the rolling process.

7. Models for Microstructures Evolution During SPD.

Superplastic Zr-bearing aluminum alloys may also recrystallize by a con-

tinuous reaction during the initial stage of hot deformation. (Watts, et al., 1976;

Ives, 1978, 1979; Bricknell, 1979). Nes measured the change in subgrain size and

misorientation with strain (Nes, 1979) and found that during the initial 50% strain

• both the grain size and misorientation are more than doubled. Nes proposed two

'. . models for this rapid strain induced subgrain growth and the rapid increase in

misorientation (Nes, 1985); these are described in a subsequent section.

8. Application of the Two Modes for Grain Refinement in Al Alloy

Currently, there are two recrystallization processes for grain refinement in

Al alloys being utilized industrially. These are described below (Wadsworth, 1984;

.: iWert, 1985).
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(a) (b)

Figure 2.7. Sizhgrain growth by coalescence. In (a) the subgrains are pinned
by particles. In (1)) after dissolution of the smallest particles a sulbgrain can

6 anneal out of Y-node motion or by subgrain rotation (after Hornbogen, 197S).
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Figure 2.8. Influence of concentration on the recrystallization behavior of
deformed supersaturated solidl solutions. In zone I, normal recrystallization1

* occurs with no precipitation; in zone 11, recrystallization takes place with sub-
sequient precipitation; during zone III, discontinuous recrystallization occurs
with simultaneous precipitation; and in zone IV, continuous recrystallizat ion
is the (loininait transformation mnode. In Al-Nfg Zones II and III are narrow
ad Zone IV extends to high temnperatutres. (adapted from Ilaessner, 197S).
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a. Thermomechanical Processing (TMP) Using the

Discontinuous Recrystallization Mode

TMP's using the discontinuous recrystallization mode are used for al-

loys which have dispersoid distribution giving low drag on boundaries (Wert, 1985).

Discontinuous recrystallization is therefore rapid. Concurrent deformation at the

recrystallization temperature is not required. Material designed for superplastic

forming applications can be recrystallized and evaluated before superplastic defor-

mation.

b. Thermomechanical Processing Using Continuous
Recrystallization for Grain Size Control

Tbi requires alloy compositions having dispersoid distributions giv-

ing high drag pressure (Vert, 1985). Continuous recrystallization requires either

prolonged annealing or concurrent deformation at elevated temperature. Suppres-

sion of discontinuous recrystallization is sensitive to variations in alloy and process

pL.ameters. Materials designed for superplastic forming applications are generally

supplied in the as-rolled condition and the superplastic properties depend strongly

on the initial stages of deformation for each component. Thermomechanical pro-

cessing for discontinuous recrystallization cannot produce grain size as fine as those

that can be achieved through a properly controlled continuous process.

C. GRAIN GROWTH IN SUPERPLASTIC DEFORMATION
1. Grain Growth Phenomenon During Superplastic

Deformation

A number of investigators have reported that the kinetics of coarsening are

enhanced by deformation, i.e. the grain size ;n the deformed specimens is larger

than in specimens held for the same time at the deformation temperature (Alden,

1967; Backofen and Lee, 1967; Backofen and Zehr, lJ68; Alden, 1968; Backofen et

al., 1968; Stowell et al, 1969; Clark and Alden, 1973). Such microstructural coars-

ening is of great importance because superplasticity can occur only in sufficiently

fine-grained structures. Coarsening of the microstructure causes "hardcning" as

the flow stress for a given strain rate increases. This hardening may bring su-

p-)'ri)lasticity to an end as other mechanisms cormes to dominate the flow. Strain
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hardening is more pronounced at low strain rates. The actual shape of the true-

stress true-strain curve is actuallv affected bv two considerations: (1) defoimation

induced grain coarsening that produced a hardening, and (2) the presence of a

large number of cavities also causing a softening effect.

The concurrent grain growth and associated hardening usually lead to a

decrease in strain rate sensitivity coefficient (m). Typical tensile data obtained at

constant strain rate shows a continuous load rise at the slower strain rates and load

drop at the higher strain rates as seen in Figure 2.9. Most investigators attribute

the strain hardening to the grain growth; the softening, some authors attribute

to cavitation while others to the onset of dynamic recrystallization. Jonas (1982)

has stated that the flow softer.." qg process was identified with the break-up of an

extruded microstructure into approximately equiaxed grains. In other studies the

--- " grain size remained virtually unchanged and the dislocation density was found to

increase, both in the matrix and at the grain boundaries with increasing strain

level. The increased dislocation density is then judged responsible for the strain

hardening of the material.

2. Models for Grain Growth During Superplastic Deformation

a. Clark and Alden Model

Clark and Alden (1973) have proposed a model which was based on

' deformation-enhanced grain boundary mobility. The suggested mechanism for

enhanced growth has as its basis the production of excess vacancies in the grain

boundary region, leading to increased boundary mobility Deformation in the high

strain-rate sensitivity region is accompanied by large amounts of grain boundary

sliding and grain rotation. Because of the importance of grain boundary sliding

* and grain rotation in superplasticity, the possibility exists for grain coalescence to

occur during deformation. The amount of sliding and grain rotation, and hence the

number of coalescence reactions, should increase continually during straining. Con-

"' sequently the amount of grain size enhancement should also increase with strain.

They found that the percentage of the total strain due to the grain boundary slid-

: ." .. ing reaches a maximum at a strain rate of maximum m. Thus for a given amount of

strain, the amount of grain rotation and the grain size enhancement should reach
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Figure 2.9. True stress versus true strain at various strain rates for a 60/40
brass deformed at 600' C. These data illustrate the strain hardening due to
grain growth at lower strain rate and the softening due to the evolution of an

-" equiaxed structure at the higher strain rates (after Suery and Baudelet, 1978).
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a maximum in the superplastic region. They assumed that grain boundary sliding

does produce an excess of vacancies in the grain boundary region and describe a

simple model for mobility enhancement based on this assumption.

b. Holm Model

The Holm, et al., (1977) model is based on the assumption that this

enhancement can be explained by particle coalescence during grain neighboring

switching. The neighbor switching mechanism proposed by Ashby and Verrall

(1973) also provides for the possibility of particle agglomeration during flow.

c. Nes Model

Nes (1985) studied grain growth during superplastic flow and pro-

posed two models, one based on geometric particle coarsening and the -,1ir based

on strain induced particle reversion. According to the latter model, as a result

of thermomechanical treatment prior to hot forming a subgrain structure is es-

* tablished. Hot deformation then forces the sub-boundaries to migrate and this

migration in turn causes the stabilizing A13Zr fine particles to go partially back

into solution. A consequence of this straining-induced reversion is a rapid subgrain

growth.

After some time, homogeneous precipitation of Al 3 Zr is observed. The

volume fraction of the small Al3 Zr particles is observed to decrease with increasing

strain as the Zr is being redistributed from the small particles toward larger, more

stable particles. At a critical strain of about 0.5, all the small Al3 Zr particles

were dissolved and the grain structure was then stabilized by the coarser particles

which were assumed to remain stable. This model thus accounts for both the grain

growth in the initial stage of deformation and the stagnation of grain growth at

* larger strain.

d. Suery and Baudelet Analysis

Suery and Baudelet (1978) studied the effect of grain growth various

constitutive equations for superplastic deformation. These analyses considered

that the grain growth occurs with strain at any given strain rate. This influence

is expressed by the parameter fT = ( )ogf At any given strain, the growth

tends to be greater for the lower strain rates. This can be expressed by a term of
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th fog d) Also, grain growth is a function of temperature. The,,.: : ::..the form ge,T = 6 log i ] T

influence of temperature is included by h, = 6log.d

Their analysis of superplastic deformation shows that the structure

tends to evolve toward an equiaxed state and to undergo grain growth with strain-

ing. They calculated relationships among deformation parameters such as m and

Q as affected by grain growth. They show, for instance, that an apparent strain

rate sensitivity of the stress m which does not take into account grain growth, is

'. lower than iih, the true rate sensitivity coefficient and tends toward rj' when i in

the snperplastic region increases:

m = rh'(1 -I agT) (2.30)

where f is the value of the strain rate sensitivity coefficient when grain growth is

* taken into account (rh = 1/2 = 0.5 in Equation (2.25)) and d is the exponent on

grain size (e.g. 2.0 in Equation (2.25)). Similarly, the activation energy Q is given

by

mQ = fn (Q + dhei)

or

Q = (2.31)
1 + ag,,.

where Q is the activation energy for the underlying diffusional process (Q = QL

in Equation (2.25)). Equation (2.31) implies that grain growth with increasing

temperature will decrease the apparent activation energy.

2 D. ASSESSMENT AND REVIEW OF THE PREVIOUS WORK
-> AT THE NAVAL POSTGRADUATE SCHOOL

'McNelley and Garg (1984) showed that highly refined subgrain structures

can be produced in high Mg, Al-Mg alloys utilizing a thermomechanical process

(TMP) to attain the microstructural refinement. The essential features of the TMP

used were: solution treatment above the Mg-solvus; upset forging above the solvus;

qiienching through the solvus; reheating to a temperature below the solvus, 300'C,
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and warm rolling to a large strain, e > 2.0. Processing under such conditions re-

sulted in concurrent precipitation of a homogeneous, refined and uniform dispersion

of about 0.5 trm intermetallic i(AlsMg) in a solid solution matrix composed of

elongated grains also containing 0.5-1.Osm size subgrains. This structure may be

further refined and stabilized by the addition of dispersoid forming elements such

as Mn or Zr. The structure obtained by the TMP would not be expected to exhibit

a superplastic response, as such non-recrystallized microstructures would not be

expected to sustain grain boundary sliding.

However, superplastic elongations up to 600% were recorded at 300'C and at

strain rate of 2-5 x10 3's', an order of magnitude faster than typically reported

for wrought Al alloys (Lee and McNelley, 1987). Sin"" 'he usual microstructural

prerequisites were not realized and nucleation and growth of new grains were not

observed, it was proposed that a continuous recrystallization mechanism would

account for the results (McNelley, Lee and Mills, 1986; Lee, McNelley and Sten-

gel, 1986). This mechanism was judged responsible for transformation of the mi-

crostructure from the as-rolled, heavily deformed structure to a fine structure ca-

pable of sustaining grain boundary sliding. Hales and McNelley (1987) measured

the boundary misorientations in Al-10%Mg-O.1%Zr in various processing condi-

tions. They showed that the high initial dislocation density in as-rolled material

rapidly transformed into a well defined structure containing boundaries. After 10

minutes annealing boundaries with misorientations of 1-50 were observed, increas-

ing to 2-7"with further annealing. During superplastic deformation misorientation

increased to 20-300. They also concluded that boundaries of this moderate angle

can sustain grain boundary sliding. They concluded that continuous recrystalliza-

* tion is the mechanism responsible for converting a high dislocation density struc-

ture into a fine grained structure. When the temperature dependence of the flow

stress was studied, the as-rolled material exhibited an anomalous behavior in the

form of an increase in stress when the temperature is increased. This behavior ex-

tended from 325°C to 350'C. This temperature is below the solvus for the 3 phase.

Initially annealed and recrystallized material did not show this anomalous behav-

ior but exhibited a smoothly decreasing strength with temperature increase. At
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temperatures below 325°C the as-rolled material is weaker than the recrystallized

material while at high temperatures above 325°C the two materials are identical in

strength. This behavior was interpreted in terms of structural/substructural coars-

ening in the as-rolled material prior to commencement of deformation, although

microscopy to support this was not done.

E. APPROACH IN THIS RESEARCH

The initial part of this effort was devoted to a review of the literature and

assessment of existing models of superplastic deformation. This resulted in the

conclusion that the superplastic response documented by McNelley, Lee and Mills

(1986), Lee, McNelley and Stengel (1986) and Lee and McNelley (1987) could be

7-:.-:. interpreted in terms of existing models for fine-grain superplasticity if a grain size

of approximately 2.0ym had been achieved during TMP and in the early stages of

deformation. It was this observation that lead to evaluation of the misorientationO

of boundaries in the warm- rolled AI-10%Mg-0.1%Zr material.

Subsequent work was directed at evaluation of the effects of changes in the

TMP process parameters. Continuous recrystallization involves dislocation re-

arrangements leading to formation of boundaries. The dislocation density prior

to rearrangement would be expected to have considerable influence on the resul-

tant boundary structure, with higher initial dislocation density leading to greater

subsequent boundary misorientation. This was anticipated to lead to enhancement

of the subsequent superplastic response. A matrix of process parameters was es-

tablished to assess this conclusion. The results of this portion of the experimental

effort contradicted this assumption, and this lead to a new model for the process of

• continuous recrystallization during the processing of the material and subsequent

heating and deformation. The final efforts in this research involved application

- - of the models for behavior of the Al-Mg alloys to other aluminum-base alloys of

.. ~. interest for superplastic forming.

59

?Z



. -III. MATERIALS AND EXPERIMENTAL TECHNIQUES

A. MATERIALS

The materials used in this study were supplied by Alcoa Technical Center,

Alcoa Center, Pennsylvania. The aluminum alloys contained either 8 or 10 wt.%

Mg. The material was provided in the form of direct-chill cast ingots fabricated

-" -using 99.99% pure aluminum as the base metal. Cummercially pure Mg was used

for alloying. Zr or Mn were added from master alloy.' to form dispersoids. The

composition of the alloys studied in this investigation is given below in Table III-1.

The as-cast ingots were sectioned into billets with a cross section 31.8 mm (1.25

in) square and a length of 95.3 mm (3.75 in) to facilitate further processing.

• TABLE III-1

ALLOY COMPOSITIONS (IN WT. PCT.) FOR THE Al-Mg ALLOYS

OF THIS INVESTIGATION

Alloy Mg Zr Mn Si Fe Ti Be Al

1 9.89 0.09 - 0.02 0.02 0.01 0.0003 balance

2 10.2 - 0.52 0.01 0.03 0.01 0.0002 balance

3 8.05 0.13 - 0.01 0.02 0.01 0.0002 balance

B. THERMOMECHANICAL PROCESSING (TMP)

The TMP used is shown schematically in Figure 3.1. The first step is solution

tre7.rient at 440'C for 40 hours. This temperature is well above the solvus for

these alloys (,- 380 0C for 10% Mg), but still below the eutectic temperature (

451'C). Homogenization is completed by hot working via upset forging at 440'C,

* .reheating for one hour, and then quenching in oil. Subsequently, the billets were

heated for 30 minutes at the rolling temperature to achieve isothermal conditions

prior to the first rolling pass. The rolling temperature was 300'C for most of
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Figure 3.1. Schematic diagram of the thermomechanical processing (TMP)

method.
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0
the processing; two other temperatures utilized were 220'C and 380'C. In all cases,

isothermal conditions were maintained by reheating between each rolling pass. Re-

duction was held constant, resulting in increased strain and strain rate as deforma-

tion was accumulated. For the rolling done at 3000C a variety of processing schemes

were evaluated. These involve different combinations of reductions, reheating times

and total strains and are summarized in Table 111-2.

,,, TABLE HI-2

TMP VARIABLES FOR PROCESSING OF Al-Mg ALLOYS

Reheating Time

Reduction/Pass, mm Between Passes, Min Total Strain

TMP-I 1 4 1.5

TMP-II 2.5 4 1.5

TMP-III 1 4 2.5

TMP-IV 1 30 2.5

TMP-V 2.5 4 2.5

TMP-VI 2,5 30 2.5

In some cases, samples of processed material were reheated and annealed at

the prior solution temperature to accomplish static recrystallization and produce

a fully annealed condition. This was done by heating for 30 minutes at 440'C in a

neutral salt bath for accurate control of the temperature.

0
C. TENSION TESTING

Mechanical testing was accomplished utilizing constant crosshead speed. An

Instron electromechanical machine, Model TT-D, with a Marshall Model 2232

• 'three-zone furnace for temperature control, was used to conduct the testing. The

specimens were heated in the furnace for about 45 minutes before the start of test-

ing to assure equilibration at the test temperature. The crosshead speeds used
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in this research ranged from 0.05 mm/min (0.002 in/min) to 127 mm/min (5.0

in/min) corresponding to nominal strain rates varying from 6.67 x 10- 1 s - 1 to

1.67 x 10- ' s - 1 . Elongation was determined by measuring the marked gage section

before and after testing and percent elongation was determined by measuring the

distance between these gage marks and dividing by the initial length.

The Instron strip chart measured applied load (in lbs.) versus chart displace-

ment. From the strip chart raw data points of load and chart displacement were

taken after determination of an initial slope. All the data obtained were analyzed

using a computer program and graphically presented using the Easyplot routine

on an IBM 3033 computer.

.W,:_D. MICROSCOPY

Both optical and transmission electron microscopy methods were employed

during this research. The essential details are given below.

1. Optical Microscopy

After mounting, the specimens were wet ground in successive steps using

silicon carbide abrasive sheets of 220, 320, 400 and 600 grit. During the grind-

ing process adequate water was used to flush away abrasive particles. After each

grinding step the specimens were thoroughly washed to prevent carrying over the

abrasive particles from the coarser grades to the ilner ones. After grinding the spec-

imens were mechanically polished in two steps. The first step used 6pm diamond

. paste with a special extender as a lubricant. The second step used Magomet®

(MgO) powder. Specimens were anodized using Barker's reagent (2.5 ml HBF 4 in

100 ml H2 0) at 0.2 A/dm2 with a DC voltage of about 20 volts for 40-60 seconds

and using Al for a cathode. The specimens were then examined by polarized light

methods to reveal grain contrast. Optical microscopy was used primarily to study

the instability of the structure and grain growth at temperatures near or above the

Mg solvus, especially for the AI-10%Mg-0.1%Zr alloy.

.44
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2. Transmission Electron Microscopy

. Transmission electron microscopy (TEM) studies were conducted on spec-

imens in the as-rolled and in the annealed condition to study the evolution of mi-

crostructure and grain growth at temperature near the rolling temperature (300°C).

TEM samples were selected from both grip and gage sections. Samples from grip

sections were taken from specimens subjected to deformation at the highest strain

rate used, 1.67 X10 - 1s - '. This strain rate was chosen since average times to fail-

ure at this strain rate were only about 15 seconds. Thus the total time the sample

is subjected to temperature is approximately 45 minutes, i.e., the time of heating

before superplastic deformation. Other samples were taken from the deformed gage

sections of specimens subjected to deformation at a strain rate = 6.67 x 10- 3 s - 1 .

This is approximately the strain rate of the highest ductility. The specimens were

- removed from the bulk material such that the foil normal was parallel to the sheet

normal direction. Electrothinning was accomplished in a solution of 25% HNO 3 in

- methanol at -20' C and 15 volts DC. A JEOL JEM-100CX transmission electron

microscope was used to examine the microstructure. The accelerating voltage used
throughout this work wes 120 KV.

i! 3. Mean Linear Intercept
'. The mean linear intercept (MLI) method was used to measure the grain

size according

d = 1.773L (31)

where d is the grain size and L is the MLI determined from micrographs. For

TEM samples, twelve photographs were taken for each specimen from four different

locations and at three different tilting angles. This was done to assure imaging of

all boundaries prior to ev-luation of L. In optical microscopy, three photographs

representing three different areas were taken for each specimen. The number of

intercepts were measured on ten different lines in each micrograph and the value

of L was calculated according to the relation (Voort, 1984)

L 1 (3.2)
PP

where, PL =, and P is the number of grain boundaries intersecting along the
M

line. LT is the total line length and M! is the magnification.
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IV. MODELING THE SUPERPLASTIC RESPONSE
OF THERMOMECHANICALLY PROCESSED Al-Mg ALLOYS

A. THE STRAIN RATE AND TEMPERATURE DEPENDENCE OF
DEFORMATION IN Al-10Mg-0.1Zr

The initial part of this investigation involved analysis of data originally re-

ported by Hartmann (1985) and Alcamo (1985). These data were obtained on an

alloy of nominal composition Al-10%Mg-0.1%Zr; the details of the composition are

given in Table I, where it is the first listed.

The material was processed by TMP III. The details of the processing are listed

in Table II. This involved rolling at 300'C, with four minutes reheating between

passes and 1.0 mm reduction per pass, to a total strain of 2.5. This alloy, in this

processing condition, was examined by Hales and McNelley (1987) and shown to

exhibit continuous recrystallization to a grain size of approximately 1.9 ym upon

heating to 300'C after completion of processing.

Mechanical property data were also reported by Hartmann (1985) on this ma-

terial in an annealed, fully recrystallized condition. This condition was obtained

"" by reheating the processed material to the original solution treatment temperature

following the procedure outlined in Chapter III. The original solution treating tem-

perature was 440'C and thus the Mg, precipitated during the rolling, was taken

back into solution. This also resulted in recrystallization and grain growth to an

approximate grain size of 35 jim.

-..,- The microstructures of these two conditions are shown by optical microscopy

* in Figure 4.1. The as-rolled condition appears unrecrystallized (Figure 4.1a) in

comparison to that of the annealed and recrystallized condition (Figure 4.1b).

Mechanical property data and activation energy data obtained by tension testing

of these two conditions, for test temperatures ranging from 150'C to 425'C. are

,, .surmmarized in Figures 4.2 and 4.3. The warm rolled material clearly exhibits an

anomalous temperature dependence of the flow stress in the temperature interval

6
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from 3250C to 3500C, where it is seen that the flow stress increases with increasing

temperature (Figure 4.2a). This is apparent for all of the strain rates evaluated.

The activation energy data were obtained by assuming an Arrhenius temperature

dependence of the strain rate and applying the relation

Qob,,= -Rs a R (4.1)

where Qo6,,, is the observed activation energy at a stress o', R is the gas constant,
. is the strain rate amd T the absolute temperature. The anomalous temperature

dependence of the flow stress is reflected in a regime of decreased and even negative

values for Qob,.o, in the same temperature interval, as seen in Figure 4.2b.

In contrast, the flow stress-temperature and activation energy data for the

annealed and recrystallized condition exhibit normal behavior over this tempera-

ture range (Figure 4.3). The activation energy for the annealed and recrystallized

condition has a value Qobs,a, - 136 KJ/mol for stresses from 20 to 100 MPa and

temperatures from 2500C to 425'C. This is the same value seen for the mate-

rial in the warm rolled TMP-III condition either above or below the temperature

interval 325°C - 350'C. This is evident in Figure 4.4, a comparison of flow stress-

temperature data (Figure 4.4a) and activation energy data (Figure 4.4b). Below

this temperature interval, the warm rolled condition is weaker than the same ma-

terial in the annealed and recrystallized state.

Mechanical property data from the 300'C testing of these two conditions is

shown in Figure 4.5. The warm rolled condition is seen to exhibit a sigmoidal

stress vs. strain rate response and strain rate sensitivity coefficient m = 0.45 at a

*t strain as small as 0.02 (bottom plot); the corresponding ductility versus strain rate

lata for this condition show peak ductility of 5- 00% elongation at a strain rate

of E = 6.7 x i0- s- (upper plot). This strain rate is that for peak ductility. The
f!.n -aled condition is both higher in strength and less ductile than the warm rolled

'(oil(ition: the strain rate sensitivity coefficient m is about 0.3 at lower strain rate.
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a value expected if the solute drag mechanism controls deformation (Weertman,

1957).

The microstructire of the warm rolled condition at the initatn of a stress-

strain test at 300'C is shown in Figure 4.6a. This micrograph was obtained from

the grip section of a sample pulled to failure at 1.67 x 10' s-'; as noted in Chapter

III, the test duration is very short and therefore the heating time is essentially the

same as that just prior to testing. This structure is fine with a grain size of ap-

proximately 1.9jim (Lee and McNelley, 1987). Hales and McNelley (1987) analyzed

this structure and demonstrated these boundaries to have misorientation of 2'- 70

apparently sufficient to sustain fine-grain superplastic mechanisms. Figure 4.6b

shows tb -'ructure from the gage section of a sample deformed superplastically

to failure (-"500 pct. elongation) at 300' C and a strain rate of 6.7 x 10-3 s - 1 .

The structure has coarsened to d = 2.3pim and has remained equiaxed. Few dis-

* locations are evident in grain interiors; misorientation data obtained by Hales and

McNelley (1987) indicate that the boundaries evident in Figure 4.7b have misorien-

tations of 20' to 300. These observations suggest the behavior of this material may

'- be analyzed according to the phenomenological relations proposed by Sherby and

Wadsworth (1982). The mechanical test data for the annealed and recrystallized

condition suggests that its behavior may be interpreted in terms of the solute drag

formulation developed by Weertman (1957).

B. ANALYSIS OF CONSTITUTIVE EQUATIONS

Equations (2.13) and (2.25)-(2.27) all may be rewritten to relate the diffusion

compensated deformation rate /D to the modulus compensated stress r/E. Data

is not available for the dynamic modulus of Al-10%Mg as a function of temperature;

instead, modulus data (K6ster, 1948) for pure Al was used. Also, the activation

" energy seen in both processing conditions is close to the self-diffusion activation

. energy for pure Al reported by Lundy and Murdock (1961) and so their data was

ii ed to calculate the lattice diffusion coefficient DL:

0,10
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DL = 1.71exp(-140/RT) (4.2)

where R is the gas constant in KJ/nol and T is the absolute temperature.

In Figure 4.7 the data of Figure 4.2 is replotted as strain rate versus modulus

compensated stress for the Al-10%Mg-0.1%Zr material in the warm-rolled condi-

tion. Figure 4.8 illustrates the same analysis for the material in the recrystallized

condition. Figures 4.9 and 4.10 give the strain rate versus modulus compensated

stress for the Al-10%Mg-0.52%Mn material in the warm-rolled and recrystallized

conditions, respectively; these plots are based on analysis of the data given by

-. McNelley, Lee and Mills (1986) and Lee, McNelley and Stengel (1986).

The plots of Figures 4.7 - 4.10 reflect the more common data representation

used in creep analysis. In Figures 4.7 and 4.9, for the warm rolled conditions,

the anomalous temperature dependence previously described is still apparent. It

is less pronounced, however, in the Mn containing material. Activation energies

obtained from these data are slightly smaller numerically due to correction for the

temperature dependence of Young's modulus E but otherwise exhibit the same

trends seen in Figures 4.2 - 4.4.

Equation (4.2) was therefore used to calculate the diffusion- compensated

strain rate for all of the data of Figures 4.7 - 4.10. Figure 4.11 is a plot of diffusion

compensated strain rate versus modulus compensated stress - for the warm

rolled Al-10%M tg-0.1%Zr alloy. The data for the warm rolled material are superim-

posed on the data previously discussed (Chapter II) for pure Al and Al-Mg alloys

containing 1.7 - 5.0 wt. pet. Mg. The data for test temperatures from 150'C to

* 250'C appear to fall on a single curve; this curve corresponds to the behavior of

the Al-Mg solid solution alloys above i/D 1016m -2 . Below this value of /D,

the warm rolled condition of this alloy is weaker and exhibits a stress exponent n

/(= 1/m) approaching a value of 2.0.

For tes;t temperatures from 275'C to 325°C, the data do not fall on a single

curve. Rather a series of curves, one for each test temperature, appears necessary.
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* Figure 4.6. TEM micrographs in bright field showing the Al-10%Mg-O.1%Zr
alloy in the TMP III condition for a test temperature of 30000. The microstruc-
ture in the grip section (a) is seen to be slightly finer (grain size of 1.9mum)
than that of the deformed gage section (b) (grain size of 2.3tm).
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The material now appears stronger at each successive temperature than extrapo-

lation of the data for the previous, lower temperature would suggest. Finally, as

the test temperature reaches 350'C or higher, the data correspond very closely to

those reported for the lower Mg alloys.

Figure 4.12 presents the data for the annealed and recrystallized condition of

this same alloy. It is apparent that the behavior of the material now follows very

closely that reported for lesser Mg content Al-Mg alloys over the entire range in-

vestigated. This suggests that the behavior of Al-Mg alloys, containing from 1.7 to

10 pct. Mg, follow a constitutive law having no Mg-concentration dependence. As

discussed previously, this suggests interpretation of the behavior in terms of glide of

solute-saturated dislocations as suggested by Friedel (19161), but with modification

to the stress dependence to include a sinh law as originally suggested by Garofalo

(1963). Finally, Figure 4.13 illustrates a superposition of the data of Figures 4.11

andI 4.12. This superposition illustrates the same effect noted in Figure 4.4, but

here in terms of diffusion compensated rate and modulus compensated stress.

The behavior of the warm rolled condition may be described in terms of the

phenomenological relations developed by Sherby and Wadsworth (1982) and sum-

marized as Equations (2.25), (2.26) and (2.27). Also, the behavior predicted by
these relations will be assumed to act in an independent manner with dislocation

glide controlled deformation as described by Equation (2.13), or the dotted curve

on Figures 4.11 - 4.14.

The activation energy data presented in Figure 4.2 indicate a value of Q,, =

136 KJ/nol for essentially all stresses and for temperatures below 300'C, although

a lesser value is suggested by the data for a = 5OMPa and T _- 3001C. The

- activation energy for lattice diffusion QL in Al was noted earlier to be 140 KJ/mol.

In contrast, the activation energy for grain boundary diffusion Qgb "2 1/ 2 QL and

the activation energy for pipe diffusion Qp 2f 2/3QL. Thus, it is assumed that

Equation (2.25) may be used to describe the superplastic regime of behavior for

the warm rolled condition of this alloy.

The grain size seen at the initiation of stress-strain testing at 300'C was 1.9 jm.

As the continuously recrystallized grain size likely would vary with temperature, a
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Figure 409. Modulus compensated stress at a true strain of 0.1 versus strain
rate for the warin-rolled cond~itionl of thle Al-1O%NMg-O.5%McNn alloy. This ila-

terial exhibits a similar regime of anomralous strengthening as seen In thle

Al-10O(%1g-0.117Zr alloy.
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6 Figure 4.10. NLModulus compensated stress at a true strain of 0.1 versus strain
ra-te for the warmn-rolled and1 recrystallized Al-10%Mg-0.5%Nl1n alloy. Again
no anomalous strengthening with increased temp~eratures is seen for this alloy
after annealing above the Mg-solvus temperature.
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* Figure 4.11. Diffusion-compensated strain rate as a function of modulus-
coimpensated stress for warm-rolled Al- 10%M,'vg-0. 1 %Zr tested at temperatures
froixi 150' to 400'C. Below 325'C the mnaterial is weaker than solid solution
'alloys of MIg in Al. At temxperatures ab~ove 325'C the data for the warm-rolled
mate0rial faills on the curve for creep of Class I solid1 solution Al-MIg alloys.
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Figure 4.12. Diffusion-compensated strain rate versus modulus- compensated
stress for the recrystallized Al-10%Ntg-0.1%Zr alloy. The data falls on the
curve for creep of Class I solid solution Al- Mg alloys.
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series of curves were calculated based on Equation (2.25) and using A = 2 x 1012 as

suggested by the analysis of Sherby and Wadsworth (1982). These are plotted on

Figure 4.14 for d = 1.0im: 2.0im; and 10.0 "im. Comparison of Figure 4.14 with

4.11 reveals that Equation (2.25), if assumed to apply in an additive manner with

a constitutive equation for the solute-drag mechanism, will describe the behavior

of the warm rolled material up to 250'C. This is illustrated by the uppermost solid

curve on Figure 4.14. The effect of grain growth is illustrated by the series of

solid curves; these were determined based on the data of Lee and McNelley (1987)

who demonstrated grain growth to occur more rapidly with strain at lower strain

rates. Coarsening to grain sizes larger than 30jpm will lead to a transition again to

the solute drag mechanism, at least for the range of strain rates and temperatures

- . examined in this research. This is indicated by the lower solid curve on Figure
* -4.14. A more detailed treatment of grain growth, and an analysis of its effect on

the measured activation energy, is the subject of Chapter V.

A similar analysis was also done for the data on the AI-10%Mg-0.5%Mn alloy

of McNellev. Lee and Mills (1986) and Lee, McNelley and Stengel (1986). The

analysis of the warm rolled condition is presented in Figure 4.15. The same general

behavior at lower temperatures is apparent here as was seen in the Zr-containing

alloy. At and above 350'C, the material remains weaker than the Zr-containing

alloy in a manner that suggests less grain growth. Indeed, the presence of MnA16

in this alloy was documented by McNelley, Lee and Mills (1986) in the form of rod-

like particles 0.02jim in diameter and 0.ljim in length.

Retention of a finer structure even during reheating to the solution treating

temperature is also evident for the annealed and recrystallized condition of this

alloy (Figure 4.16). Microscopy data presented by Lee McNelley and Stengel (1986)

(id suggest grain size of about 10pm even after recrystallization, confirming a

>tahilizing effect of MnAlbi. Such a grain size, in conjunction with coarsening at

lo%,e-r straii rate,, may explain the behavior of this condition of the Al-10/cMg-

J.. XII i3 all4.
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*'- Figure 4.15. Diffusion compensated strain rate versus modulus- compensated
stress for warm-rolled Al-10%Mg-0.52%Mn tested at temperatures from 150°C-
4250. Below 250'C the data flts one curve. In the temperature range from
275'C to 375'C the data for each temperature fit on separate curves while

above 375°C, the data again fall on one curve.
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6 Figure 4.16. Diffusion Compensated strain rate versus modulus- Compensated
*stress of the recrystallized Al-10%M1vg-0.52%Mn alloy tested at temperatures

fromn 225' to 425'C. Superplastic ductility was seen at temperatures above
4000 C.

86



C. AN ALTERNATIVE VIEW

It was noted earlier that there appears to be a regime of reduced activation

energy for a = 30 MPa and T - 300'C in Figure 4.2. These data are at /D L_

1016 m 2 on Figure 4.11, where the stress exponent n 2-- 4. As noted in Chapter II,

control of accommodation by dislocation pipe diffusion will result in an apparent

stress exponent n = 4 in conjunction with Q = Qp _ 2 / 3 QL. It is possible

that such a pipe-diffusion controlled process is being observed as predicted by

Equation (2.27). However, grain growth is also occurring in the regime (to be

discussed in Chapter V) and this phenomenon may also influence the activation

energy. As this possible pipe-diffusion controlled behavior is also being seen near

the transition from the superplastic regime to a high-stress region of solute drag

controlled deformation, alternative interpretations for both the stress exponent and

activation energy are possible.
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V. MICROSTRUCTURE INSTABILITY, GRAIN GROWTH
AND THE ACTIVATION ENERGY

Microstructure instability in the form of gradual coarsening at lower tempera-

* tures and also recrystallization with subsequent growth at higher temperatures was

examined by microscopy of both the Al-1O%Mg-0.1%Zr and Al-1O%Mg-0.52%Mil

alloys. -Most of the effort in this research was directed at the Al-10oMg-O.1%Zr

alloy.

A. INSTABILITY AND GROWTH IN AI-10%Mg-.l%Zr

Microstructures in warm-rolled material deformed either at 250'C or 2 '5'C

are shown in Figure 5.1. Even at the lowest temperature (Figure 5.1a) the struc-

ture appears similar to the continuously recrystallized grain structures documented
0

previously after heating at 300'C (Figure 4.6). The grain size obtained at 250'C

is l.l1tir, and at 273'C is 1.5pim (Figure 5.1b).

Optical microscopy of this alloy after deformation at 3000 C is shown in Figure

3.2. This structure appears unrecrystallized as did the as-rolled condition when

examined by optical microscopy (Figure 4.1a). Nonetheless, TEM of this condition

revealed a continuously recrystallized grain size of 1.91um upon heating to 3000'C

(Figure 4.6a) which coarsened to 2.3,um after deformation. Comparison of Fig-

tires 4.6 and 5.2 demonstrates the need for caution in assessing the microstructural

condition of these alloys under conditions where continuous recrystallization pro-

duces such highly refined structures as obtained here. As temperature is increased

to 300'C, the structure coarsens gradually. Upon heating to 325'C, instability is

seen. In some cases, a grain structure of -~ 2.0Oim grain size is observed as shown

b~y TEMt in Figure 3.3. An optical micrograph of this sample is shown in Figure

5.4a where the structure is seen to appear unrecrystallized. Other samples among

* those tested at 323'C exhibited the structure shown in Figure 5.4b. This appears

to he a yt recrysallized structure much as seen inwarm-rolled samples reheated to

440'C, the solution treatment temperature. Here, the grain size is 20pin. It is
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Figure 5.1. Bright field micrographs showing the Al-1O%Mg-O.1%Zr alloy
TMP III condition. The specimens were from grip sections: (a) test temn-
perature 250'C (grain size =1.1 pm) and (b) test temperature 275'C (grain

5 size =1.47 pm).
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Figure 5.3. Bright-field TEMI micrograph showing the alloy processed to T.MP
1A. This is from the grip section of a test sample and represents the structure

* just prior to testing at 32500. The grain size 1.97 pim.
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Figure 5.4. Optical miicrographs of two different samples of the Al-10%-Mg-
0.l%Zr alloy tested at 3230 C illustrating the instability of the structure at this
temperature; (a) a refined structure and (b) a recrystallized, coarse structure
(grain size =20 pim).
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possible that the differences in structure documented in Figure 5.4 may arise from

small differences in heating temperatures not detected during testing; this suggests

that the recrystallization process is extremely temperature sensitive.

The refined structures seen at lower temperatures evolve from the rolled condi-

tion by a process of continuous recrystallization. The details of structure evolution

producing microstructires such as that of Figure 5.4b have not been studied in

detail. Apparently recrystallized structures such as this may result from normal

-" .. growth of continuously recrystallized grains formed during heating; the growth

would be increasingly rapid as temperature approaches the solvus and the 3 dis-

solves. Alternatively, discontinuous recrystallization may be initiated if a sufficient

density of unrecovered dislocations is present upon heating at temperatures above

the prior rolling temperature, i.e., into region II or III of Figure 2.8. Further

research will be necessary to resolve the mode.

Heating to still higher temperatures results mainly in increasing grain size as

seen in Figure 5.5. Table III provides a summary of this investigation of grain size.

Finally, it should be noted that these data were obtained from samples experiencing

relatively slow heating upon being placed in the furnace on the mechanical testing
machine. The recrystallized and annealed condition was produced by heating in

< a salt bath, a process involving much higher heating rates. Grain sizes obtained

under the latter condition were consistently finer than those attained with slower

heating. This may reflect different degree of recovery and possibly different modes

of structural transformation.
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Figure 5.5. Optical mnicrographs of test samples of the Al-lO%IMvg-O.l%7Zr al-
ioy in the warm-rolled condition illustrating the recrystallized, coarse structure
obtained upon heating to temperatures close to or above the Mg solvus; (a)
test temperature 350'C (average grain size =50 Mm) and (b) test temperature
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TABLE V-i
GRAIN SIZE - TEMPERATURE DATA FOR A1-10%Mg-0.1%Zr

PROCESSED BY T.MP III.

Temperature. 0 C Grain Size (Mrn)
Optical TEMI

%25 0- 1.
275 - 1.47
300 - 2.3
325 - 1.97
325 30.0
350 49.7
375 63.8
400 73.4
425 83.4

9.5
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B. EFFECT OF COARSENING ON ACTIVATION ENERGY DATA

Suery and Baudelet (1978) have provided an analytical basis to estimate the
I vil effect of microstructural on deformation parameters such as the activation energy.

Their result was given earlier in Equation (2.31) as

Q Q + &Rhf~
I + ag,,T

where Q is the observed activation energy, i.e. Qob,,, in Equation (4.1). Q is the

activation energy of the underlying diffusional process, a is the exponent in grain

size (the symbol p was used in Equation (2.17)), and h, and g,, are parame-

ters describing the coarsening of the structure with temperature and strain rate,

respectively.

Data on coarsening with strain rate during testing at 300'C was obtained by

Lee and McNelley (1987). They reported data at two strain rates differing by one

order of magnitude, 6.67 x 10-'s - ' and 6.67 x 10- S- 1 . Their data indicated

a grain size of 1.9rim at the initiation of straining and coarsening to 2.0,tm at

the lower strain rate upon reaching a strain f = 0.1 (the value at which data

for activation energy evaluation was obtained). Also, Lee and McNelIey (1987)

"K recorded an unchanged grain size of 1.9gm upon straining toe = 0.1 at the higher

of these strain rates. Therefore

6 log d
. _, 6 log

log -

• where dj, d2 , j and 2 are grain sizes and strain rates, respectively, at which data

were obtained. Inserting the values reported by Lee and McNelley (1987)

og2.0/Am*"' log""" ,,T 1.9;AM
gf. log 6"TXIO-43-1

6.7?x 10s-

an(] hence

-,T = -0.02 (5.2)
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In Chapter IV, it was demonstrated that the superplastic regime of behavior

can be described by a constitutive equation like that of Equation (2.25), which

predicts a (1/d) 2 dependence of strain rate on grain size, i.e. d = 2, and a lattice

diffusion dependence for the strain rate, i.e., Q = QL. Therefore the result obtained

in Equation (5.2) may be inserted in Equation (2.31) to give

Q QL + 2Rh,,o
1 + 2(-0.02)

Q 1.05(QL + 2hei). (5.3)

From this, it is seen that increased coarsening at lower strain rates introduces

only a five percent error in the activation energy data, at least for the extent of

coarsening noted by Lee and McNelley (1987).

The effect of the parameter h,, is much greater for these data. This is given

by
6 log d

This relation may be used in conjunction with the data of Table III to estimate the

influence of coarsening and instability documented in the previous section.

This is done in Figure 5.6. The grain size data is shown as log d versus (l/T)

in the lower plot; in this form, the parameter h ,, may be determined directly from

the slope of the smooth curve through the data points. The experimental data

for a = 50 MPa was used to establish a point on the upper plot representing the

behavior predicted by Equation (2.25). This point was from data at 225 0C and

= 1.7 x 10 4 s - 1 well below the range of rapid grain size change. At this point,

the slope of the log versus (l/T) curve was assumed to be given by QL = 140

KJ/mol (Lundy and Murdock, 1960).

The dotted curve, representing the effect of grain coarsening and instability on

activation energy, was then calculated by applying Equation (5.3) to determine an

* apparent slope Q on the upper plot. This slope represents the observed activation

energy Q,,6, determined earlier by applying Equation (4.1) to the experimental

data. The suppression of the superplastic mechanism due to the rapid grain growth
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Fgure 5.6. The influence of grain coarsening upon the activation energy. The
* graini growth d1ata (bottom plot) were used to calculate the apparent (lepen-

dence of 1ni on (11T) including grain coarsening effects as given by Eqn. (5.3).

* tis is the (lotted curve (upper plot). This is assumed to act addlitively with
the solute drag imechanisin (dashed curve) to predict the apparent behavior
seen in the solid curve. This is seen to dlescribe the data at 50 MPa very
ac cuirateCly.
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at about 325°C is apparent as is the prediction of even negative activation energy

values.

It was noted earlier that the constitutive relation being assumed to describe

the superplastic response, Equation (2.25), is assumed to act additively with the

solute-drag mechanism. Data describing this latter mechanism, for a = 50 MPa,

was obtained from Figure 4.3b. When the strain rates are added, the result, given

by the solid curve on the upper plot of Figure 5.6, is seen to provide an accurate,

quantitative description of the behavior in this systcm. In particular, this strongly

supports the conclusion of the analysis of Hales and McNelley (1987) that the

buandary strucuLes atLaiiied iii his aloy by TMP III, involving misorientation of

20-7o, are in fact capable of sustaining uperplastic flow processes as described by

Equation (2.24).

It was noted earlier that the coarsening occurs rapidly in a narrow temperature

* interval. Hillert (1965) has analyzed grain growth in the presence of particles such

as the /3 precipitated during the rolling done here. Following his analysis, grains

smaller than
dd l+i (5.4)

will shrink, being consumed, while grains greater in size d than

d
d2  (5.5)

will grow. In these equations, d is the average grain diameter, f is the volume

fraction of particles and dp is the particle diameter. The ratio 3f/2dp is the Zener

* drag term. Thus, grain growth is inhibited when

-2dP

(5.6)
3f

and there is a size range in which grains neither grow nor shrink. This may be

seen in Equation (5.5) for the upper limit d2 ; as growth proceeds, d2 increases and

fewer and fewer grains are able to grow.
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Upon heating above the rolling temperature, the/3, precipitated during the

rolling, should bvgin to redissolve. Thus, f will begin to decrease upon heating

above the rolling temperature and this may be accompanied by particle coarsen-

ing. Experimentally, the coarsening is seen to be especially rapid near 325'C, a

temperature above the rolling temperature but below the 0 solvus. It is concluded

that the 3 is the primary factor stabilizing the grain size in this alloy and that

the microstructure instability is the result of dissolution of the/3 and loss of its

stabilizing effect on the grains.

C. COARSENING IN AI-10%Mg-0.5%Mn

A similar study of coarsening in the Al-10%Mg-0.5%Mn alloy is summarized

in Figures 5.7 and 5.8. Here, it is seen that heating of warm-rolled material above

the prior rolling temperature for mechanical testing produces far less notable coars-

ening (Figure 5.7b compared to Figure 5.7a). Even material initially annealed and

0- recrystallized (Figure 5.8) remains highly refined. This increased stability due to

MnA16 was seen in the mechanical property data (Figures 4.15 and 4.16); grain

size data obtained by TEM on this material in the annealed and recrystallized

condition showed it to have a grain size of 8 - 10pm (Lee, McNelley and Stengel,

-. 1986).
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Figure 5.8. Optical micrographs under crossed polarizers illustrating the fine
structure Al-10%Mg-0.52%Mn in the recrystallized condition; (a) test temper-
ature 3500 C and (b) test temperature 4500C.
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VI. EFFECT OF THERMOMECHANICAL PROCESSING
VARIABLES

NMicrostructures sufficiently fine to sustain superplasticity in these materials

have been assumed in this work to evolve by continuous recrystallization. Most

of the data examined thus far was obtained on material processed by TMP III, a

process involving rolling with relatively small reduction per pass and short reheat-

ing time between passes. Continuous recrystallization is often described in terms

of subgrain coalescence leading to increases in boundary misorientation and also

to subgrain growth. It is usually thought to occur mainly durioig the early stages

of superplastic deformation when observed in superplastic aluminum alloys (Nes,

1985). In work by Hales ard McNelley (1987), it was demonstrated to occur in

the initial heating prior to superplastic deformation, where an initially nonrecrys-

tallized structure recovered to form boundaries of 2' - 70 misorientation. These

misorientations were then seen to increase significantly with superplastic deforma-

tion.

In deformation processing, the straining of the material results in an increased

* dislocation density. The subsequent microstructure evolution occurs by the recov-

ery of these dislocations to form boundaries and so it was surmised that increasing

the reduction per pass, which should increase the dislocation density generated,

would in turn lead to an increase in the misorientation of the resultant subbound-

aries and consequently enhance the superplastic response. It was also surmised that

increased total strain attained during rolling would result in a higher dislocation

density and thus also to enhanced superplasticity.

A thermomechanical process was therefore devised in which the reduction per

pass was increased from 1 mm per pass, used in TMP- III, to 2.5 mm per pass,

*. keeping the reheating time between rolling passes constant at 4 minutes. The

results obtained were not what had been anticipated. Increasing the reduction per
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pass drastically diminished the ductility in subsequent testing to evaluate the su-

perplastic response. Increased total strain did, on the other hand, result in en-

hancement of superplastic response.

The recovery processes responsible for the substructure development take place

during rolling itself (by dynamic recovery) and during the reheating time between

passes and heating prior to superplastic deformation (by static recovery). In the

study by Hales and McNelley (1987), where only the static recovery prior to super-

plastic straining was investigated, the structural changes appeared to take place

in the first 10 minutes of annealing after which the interior of the grains appeared

clear. Annealing for a longer times, up to 50 mins., did not increase the mis-

orientations appreciably and they remained at 2' - 7 . From these results, it

therefore appears that reheating for four minutes between rolling passes may not

be sufficient for recovery processes to become complete and hence the subbound-

aries formed were not well defined. Thus, a reheating period substantially longer

than four minutes was selected, (30 minutes), as during this time recovery and

substructure formation would be expected to be complete.

These considerations lead to the matrix of thermomechanical processes given

earlier in Table II. Table VI indicates possible comparisons where the effect of the

thermomechanical processing variables may be isolated.

TABLE VI-1

TMP COMPARISONS TO EXAMINE THE EFFECTS
OF THE PROCESS VARIABLES

* Variable TMP Comparisons
1. Strain I vs III; II vs V
2. Reheating time between passes III vs IV; V vs VI
3. Reduction per pass I vs II; III vs V; IV vs VI
4. Rolling temperature V (220-C, 300°C, 380-C)
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K The effect of these thermomechanical processing variable may be seen by com-

paring the stress versus strain rate response or ductility versus strain rate response

during subsequent stress strain tests.

A. ROLLING STRAIN

Figure 6.1 compares the stress versus strain rate data obtained at 300'C for

TNIP I (erotiing = 1.5) and TMP III (eroiig = 2.5). This comparison in terms of

i/D versus a/E. Both thermomechanical processes used the same reduction per

pass (1 mm) and reheating time between passes (four minutes). Peak ductility for

TMP III (Figure 4.5, Chapter IV) was about 500 percent while that for TMP I

(data not shown) was only 170 percent.

B. REHEATING TIME BETWEEN PASSES

Figures 6.2, 6.3, and 6.4 provide data for a detailed comparison of reheating

time between passes for TMP V (four minutes) and TMP VI (30 minutes). Both

processes employed 2.5 mm reduction per pass and were rolled to a strain of 2.5.

TMP V is stronger and of lesser m value compared to TMP VI for temperatures

*from 250' C to 4000 C and also is consistently only slightly weaker than this

same material in an annealed and recrystallized condition. TMP VI is of lesser
strength and exhibits greater m value except at temperatures greater than 4000 C

where recrystallization before straining leads to a coarse grained material. Detailed

kuimparisor in Figure 6.4 of only 300' C data reveals the decreased m value with

the longer reheating time between rolling passes. Ductility data for these two

processing conditions is included in Figure 6.5 where the increased reheating time

is seen to lead to a dramatic increase in ductility, from the lowest seen (peak -, 200%

for TMP V) to the highest (-- 600% for TMP VI). For that matter, comparison of

TMP III and TMP IV indicates a similar but much less pronounced trend.

C. REDUCTION PER PASS

.. Figure 6.5 also allows comparison of the ductility data obtained at 300' C for

TMP III (1 mm reduction per pass) and TMP v (2.5 mm reduction per pass).
Both processes involved four minutes reheating between passes and rolling to 2.5
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20 WARM ROLLED
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*Figure 6.1. Diffulsioni-c-oiiipensa,,,ted strain rate versus niodnilus-conipensated
stre-ss for TMIP I and TMP III illustrating the effect of total strain. Processing
by TNIP 111, with 2.5 true strain, results in a better superplastic response than
TMP I, with 1.5 true strain.
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- Figure 6.2. Diffusion-compensated strain rate versus modulus-compensated
stross for TMP V. The (ata in the temoerature range (2500-300'C) fits one
curve near that of Al-Mg solid solution alloys. The material has a high stress
exponent close to 3 (ni 0.33). The material shows a low ductility and no
superplastic response.
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Figure 6.3. D iffus ion-c omnpens ated strain rate versus modulus-comipensat ed
0. stress for TNIP VI. The (data in the temperature range (250'C-200'C) fits a

* . single curve. The material shows a higher strain rate sensitivity and smaller

- - stress exponent than TMIP V, and thus has a higher ductility and enhanced
superplastic response.
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Figure 6.4. Diffusion-compensated strain rate against iodtilus-conipcisatcdl
stress for TNIP V compared with that for TMIP VI illustrating the effect of
reheating time between passes. TMIP VI, with 30 minutes reheating time,
shows enhanced superplastic properties compared to TMIP V.
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true strain. Comparison is also possible between TMP IV and TMP VI, which were

reheated 30 minutes between passes and rolled to 2.5 true strain. It is obvious from

these comparisons that increasing the reduction per pass substantially increases the

ductility seen in the subsequent superplastic response.

D. ROLLING TEMPERATURE

The effect of rolling temperature may be seen and is given in Figures 6.6

and 6.7. The data is for material processed by TMP V but at different rolling

temperatures. All data was obtained by tension testing at 3000 C after completion

of the rolling. Figure 6.6 provides stress versus strain-rate data for evaluation of

rolling at 2200 C, 300' C, and 380' C. Rolling at 220' C gives a stronger material

and lesser m value, and increased rolling temperature results in both decreased

strength and increased m value up to the highest rolling temperature employed,

3800 C. The trend in ductility clearly reflects the strength data in that ductility

is higher for high rolling temperatures under this TMP V processing condition.

Figure 6.7 shows the corresponding ductility data for these rolling temperatures.

E. TRANSMISSION ELECTRON MICROSCOPY

Transmission electron microscopy (TEM) was used to assess the effect of the

processing variables on microstructure by measurement of the grain or subgrain

size. The results are summarized in Table V for the different thermomechanical

processes.

TABLE VI-2

*" GRAIN/SUBGRAIN SIZE FOR VARIOUS
THERMOMECHANICAL PROCESSES

TMP SampleLocation
Gagze Undeformed (Grip)

TMP III 2.30jim 1.9pom
* TMP IV 2.70jim 2.0pm

TMP V 1.82pm 1.67pm
TMP VI 2.36jsm 1.75tim
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Al-10 Mg-O.) Zr

WARM ROLLED

-PROCESSING CONDITION:
2.5 MM /PASS

70 4 MINUTES REHEATING
Y_ ROLLING TEMPERATURES

is10 30C

U)

.-

-5 -4 -3 62 1

STRAIN RATE t, S

Figure 6.6. True stress at 0.1 true strain versus strain rate for warm-rolled
material under TMP V condition, illustrating the effect of rolling temperature
on ductility and superplastic properties. Under this TMIP the lower rolling
temperature results in less ductility and superplastic response.
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Figure 6.7. Ductility in percent elongation versus strain rate for warm rolled

material uinder TMIP V condition illustrating the effect of rolling temperature.

Under this TMIP condition, high rolling temperature result in higher ductility
and better superplastic properties.
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All the samples had been tested at 3000 C and a at strain rate of 1.6 7x 10-s - 1

Figures 6.8 - 6.11 present the TEM photomicrographs for samples processed by

TMP IV, V and VI, respectively and then heated and tested at 3000C. Microscopy

for TMP III was shown in Figure 4.6. The subgrain or grain size of the undeformed

material is smaller for material rolled with larger reductions and also for material

rolled at low temperatures. Also, the grain size in deformed gage sections is always

larger than in the undeformed material which reflects the grain growth during

superplastic deformation. The grain or subgrain size is laxger for longer reheating

time and the maximum average grain size measured is 2.7,rm.

In summary, increasing the rolling strain increases the ductility and superplas-

tic response. The effect of rolling s, -tin is more pronounced in material rolled with

1 mm reduction per pass than in material rolled with 2.5 mm reduction per pass.

Increasing the reheating time between rolling passes improves the ductility and

superplastic response. The improvement is more significant in material rolled with

larger reductions per pass. Increasing the reduction per pass apparently increases

the potential for superplastic behavior. To exploit this, however, a long reheating

time between passes is necessary. If insufficient time is allowed between passes,

then the larger reduction will result in a lower ductility and lesser superplastic

properties. Finally increasing the rolling temperature increased the ductility and

superplastic response for TMP V, a process involving short reheating time.
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Figure 6.9. Bright field TEM micrographs showing the alloy in the TNMP V
condition: (a) grip section (grain size =1.67 jim) and (b) gage section (grain
size =1.S2 Aim).
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Figure 6.8. Bright field TEM micrographs showing the alloy in the TMP IV
cndition: (a) grip section (grain size = 1.75 pm) and (b) gage section (grain

size = 2.36 pm).
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Figure 6.11. Bright field TEM micrograph showing the alloy in the TMVP V
condition; rolling temperature is 220'C. the specimen is from a gage section
(grain size =1.37 tim).
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V.

VII. PHYSICAL MODEL FOR MICROSTRUCTURE EVOLUTION

It is important to understand the evolution of the microstructure from the

moment the material enters the roll gap during a rolling pass, on through the

reheating periods between rolling passes, cooling after rolling and finally heating

for superplastic deformation. The effect of rolling parameters (which are reduction

per pass, the rolling temperature, the reheating time between passes and the total

strain) on the nature of the microstructure is necessary. Especially important

are the size of the grains or subgrains and the nature of their boundaries, i.e.

their misorientation. A model is suggested to explain the effect of the various

thermomechanical processes evaluated in this research.

* A. MICROSTRUCTURE EVOLUTION DURING A ROLLING PASS

Al is a high stacking fault energy material. When Al is deformed at a tem-

perature above one-half of its melting point a polygonized structure results (Jonas

et al., 1969; McElroy, 1972; McQueen and Jonas, 1973; McQueen and Jonas, 1973;

McQueen, 1977). Dislocations are generated by the plastic deformation, with grain

boundaries acting as important dislocation sources. As a result of interaction of

mobile dislocations with each other and with other dislocations stored within the

grains, the dislocation density increases very rapidly. As the dislocation density

-.- increases recovery and annihilation stat. to take place. At first, the rate of an-

nihilation is smaller than the rate of dislocation generation, and accumulation of

dislocations occurs, causing the strain hardening of the material. Eventually, the

rates of the two processes become equal and the dislocation density then attains an

equilibrium value (lonas et al., 1969; Sellars and Tegart, 1972; McQueen and Jonas,

1975). This equilibrium dislocation density depends on the rolling conditions.

0 During dynamic recovery the dislocations become arranged into regular arrays

or subboundaries. These boundaries surround regions now depleted in dislocations

.. and the resultant structure consists of subgrains. The subgrain size is mainly

determined by the rate of straining during rolling and also the rolling temperature
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(Jonas et al., 1969). The Mg content of the alloy in this case will also affect the

subgrain size, reducing it as the alloy content increases.

The dislocation rearrangements required to attain an equilibrium subgrain

size occur very fast (Exell and Warrington, 1972; Sheppard et al., 1985). An

equilibrium structure may not be attained, however, during a rolling pass and the

resultant structure may be incompletely recovered. If equilibrium is attained, the

subgrains would remain constant in size during the subsequent steady state period

(McQueen et al., 1967; Jonas et al., 1968; Fulop and McQueen, 1972; McQueen and

Jonas, 1975). The dislocation density inside-the subgrains and in the subgrain walls

would remain constant and so the and thus the misorientation of the subboundaries

would also remain constant.

B. EFFECT OF TEMPERATURE AND REDUCTION PER PASS

ON MICROSTRUCTURAL EVOLUTION

* The dynamic recovery which takes place during each rolling pass is the first

step in the microstructure evolution process. Increasing the temperature makes

the dislocation motion easier, because cross slip and climb processes are easier at

high temperatures. This easier dislocation motion increases the annihilation rate

and thus decreases the dislocation density. On the other hand, increasing the rate

of straining by increasing the reduction per pass increases the generation rate and

thus increases the equilibrium dislocation density.

It was shown in Chapter VI that both increased reduction per pass and

lower rolling temperature both result in a smaller substructure size; conversely
the smaller reduction per pass results in a larger substructure, as does rolling at z

high temperature.

* The subgrain size has been shown to be related to the rolling variables by the

relation

d a + bn Z (7.1)
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where a and b are constants (McQueen et al., 1967; McQueen, 1968: Sherby et al,

1977; Jonas et al., 1969; McElroy, 1972: McQueen and Jonas, 1973, 1975); Z is the

temperature compensated strain rate or Zener Hollomon parameter given by

Z ='.exp (T.2)

where is the strain rate during the rolling, Q is the activation energy for the

recovery process, and R and T have the usual meaning.

From these equations, it is evident that an increase in strain rate has the same

effect as the decrease in temperature (McQueen, 1977) because both result in an

increase in Z. Since the subgrain size d is inversely related to Z, the subgrain size

will be larger for higher temperature and lower rate of straining.

C. EFFECT OF REHEATING BETWEEN PROCESS

The rolling process also includes reheating periods between passes. During

these periods, static recovery takes place. Static recovery is a relatively slow process

involving many sequential steps. It slows as the recovery process proceeds and

n the dislocation density decreases, thereby decreasing the driving force (McQueen,

1976). During static recovery, annihilation of redundant dislocations takes place.

These are dislocations which do not annihilate during dynamic recovery process

due to the short time available.

An additional important feature of structure evolution in these Al-Mg alloys

is precipitation of the intermetallic 3. This occurs concurrently with the rolling

process (McNelley and Garg, 1984). Microscopy results, e.g. as reported by Hales

and McNelley (1987), indicate that this precipitation occurs on nodes of the sub-

. structure, stabilizing the boundaries of the structure. The static recovery takes

place by the redundant dislocations moving to subgrain boundary walls and being

asorbed in them, increasing the number of dislocations p.ut unit length in the

0. boundaries and therefore their misorientation.

Simbgrain growth may also take place during static recovery. This growth

-tks place through the decomposition of thinly populated dislocation walls. The

-"lislocatio of these walls are added to other, more thickly populated walls, also
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increasing the dislocation density in the remaining boundaries and their misorien-

tation as well as the size of subgrains. This build up of misorientation in cell walls

can lead to nucleation recrystallization (Perrymann, 1956; Beck et al., 1959; Lyton

et al., 1965; McElroy and Szkopiak, 1972; McQueen and Jonas, 1975). Finally, as

a result of recovery processes, the density of dislocation inherited from the rolling

--" tends to decrease to that of an annealed condition; this cleaning of the interior of

the subgrains prepares the scene for a new cycle of dislocation generation.

D. CONTINUOUS VERSUS DISCONTINUOUS

RECRYSTALLIZATION

Any recrystallization process whether it is continuous or discontinuous includes

the formation of nuclei and the growth of these nuclei. A nucleus can form and

grow only if its size exceeds a minimum value and if it has boundary misorienta-

tion higher than a critical angle (Hu, 1963), or (for discontinuous recrystallization)

* is surrounded, at least in one part, by a high angle boundary. This prerequisite

regarding the boundaries arises because of the low mobility of the low angle bound-

aries (Doherty, 1978). The nucleation process takes place through the growth of a

polygonized subgrains (Cahn, 1950, and independently by Beck, 1949) or through

subgrain coalescence which leads to increases in size and misorientation (Smith,

1948; Fujita, 1961; Li, 1962; Hu, 1963; Li, 1966).

In a fully polygonized substructure obtained by TMP, all subgrains could

become nuclei if they have sufficient size and boundary misorientation to enable

them growth. The subgrain growth can be treated in the same manner as grain

growth (Rhines and Craig, 1974; Martin and Doherty, 1976). It can be divided into

two categories: one, normal subgrain growth and two, abnormal subgrain growth,

analogous to normal and abnormal grain growth.

The structure formed during the rolling process has grains elongated in the

direction of flow. The elongated grains then contain equiaxed subgrains inside

(Figure 7.1). If the TMP conditions result in subgrains of size larger than the

critical size necessary for nucleation and of sufficient misorientation (Figure 7.2a),

most or all of these subgrains may be able to grow simultaneously. The attainment
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of the misorientation may be facilitated by the precipitated / in these alloys if the

3 stabilizes the boundaries and yet allows dislocation recovery to them. This is

continuous recrystallization (Figure 7.2b).

' On the other hand, if the thermomechanical processing (TMP) conditions

result in subgrains with sizes smaller than the critical size for nucleation or misori-

entation less than the minimum angle for growth, the subgrains will not be able to

grow (Figure 7.3a). There are then two possibilities. First, if the material contains

enough fine, second-phase or dispersoid particles, i.e., fine 3 phase and ZrAI3 or

MNAl 6 , of size less than 0.1/sm, the dispersoids may pin the subboundaries and

the subgrain growth is then controlled by the rate of dissociation of these particles.

Since the original size and misorientation of the su1'-'.mins are small, the growth

rate, although uniform, is slow and the increase in misorientation is low, the net

result is limited grain boundary sliding and hence a low superplastic response and

* ductility in subsequent testing.

Second, if the material does not contain a sufficient amount of dispersoid or

* -second phase, a few subgrains may be able to grow and increase in misorientation

and become nuclei. This is analogous to the abnormal grain growth. The nucleation

process in this case is difficult because the mobility of the low angle boundaries is

low. Thus subgrains which are able to grow are those of large size and which have

at least one boundary in contact with a coarse second phase particle, prior grain

boundary or deformation band. This is the case of discontinuous recrystallization

(Figure 7.3b). This results ultimately in a coarse grain structure (Figure 7.3c).

-. E. FEATURES OF THE PHYSICAL MODEL

* Based on the above analysis a model is proposed. Figures 7.4 and 7.5 are

schematic representations of this model. The model is based on the events which

take place during the rolling, the reheating periods between passes, and the subse-

quent heating for superplastic deformation: dislocation generation, dynamic recov-

ery, static recovery and annihilation processes. Previous models for microstructural

evolution have dealt primarily with the events occurring during the early stages

of superplastic deformation. They were not concerned with the effects of events
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k0

SECOND PHASE SUBGRAIN ELONGATED GRAIN
PARTICLE

Figure 7.1. Structure formed during the rolling process. The grains elongate
in the rolling direction and do not recrystallize. The elongated grains contain
equiaxed subgrains.
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Figure 7.2a. Substructure of subgrains of a size larger than the critical size
and misorientation larger than the critical angle for nucleation. Most or all

subgrains are able to grow simultaneously. The second phase particles pin the
subboundaries and stabilize the substructure. The result is a structure shown

', in Figure 7.2b.
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MODERATE
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* Figure 7.2b. Structure formed by a continuous recrystallization process. If the
conditions for nucleation and growth are fulfilled, the subgraina increase in size
and the subboundaries have a higher dislocation density, the ruisorientation
increases, reaching that of high angle boundaries.
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SECOND SUBGRAIN
PHASE

SUBBOUNDARY

I0

I

Figure 7.3a. Subgrains smaller than the critical size and misorientation smaller
than the critical angle necessary for nucleation. In this case there are two pos-
sibilities: (i) if the structure contains sufficient dispersoid of small size which
can pin the subgrain efficiently, the growth is slow and controlled by the dis-
solution of the particle. The result is a limited grain boundary sliding; (ii)
if the structure does not contain enough particles and because most of the
grains are not able to grow, a selective growth occurs and a discontinuous

4 recrystallization takes place.
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SECOND//

PARTI1CLE *LOW
0 ANGLE

BOUNDARY
ADVANCING_______NARY
BOUNDARY/(SBONAY

SUBGRAIN

HIGH
ANGLE
BOUNDARY

Figure 7.3b. Discontinuous recrystallization. If the conditions are such that
only few of the subgrains are able to grow, the grains with size larger than the
critical size for nucleation and having one side in contact with a high angle

-~ boundary, slipband, or second phase particle discontinuous recrystallization
take place. The result is a coarse structure shown in Figure 7.3c.
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4

Figure 7.3c. Coarse grain structure which results by discontinuous recrys-
tallization. Compare this with the finer structure produced by continuous
recri 3tallization mechanism in Figure 7.2b.
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occurring before superplastic deformation on the microstructural evolution and

superplastic behavior.

The most important feature of the thermomechanical process used is that it

consists of multiple passes separated by reheating periods. Each cycle includes

the events previously described, leading to continuous recrystallization during the

process. Essentially, a rolling pass produces dislocations; depending upon the tem-

perature and strain rate during the pass, the dislocations undergo dynamic recov-

ery, with additional, i.e., redundant, dislocation remaining. These later undergo

further static recovery during reheating time between passes. Also as deforma-

tion proceeds, precipitation of 0.5-1.0jim /3 occurs at triple points in the evolving
str,,--.re.

The critical feature of the model is that the boundary misorientation increases

as recovery processes allow the redundant dislocations to be absorbed into pre-

existing subboundaries. Misorientation sufficient to sustain superplastic deforma-

tion mechanisms, including grain boundary sliding, can be developed if the sub-

boundaries remain stabilized by the precipitated 3 and if recovery processes are

facilitated, e.g., by increased time at temperature or rolling with a greater number

of small reductions, by increasing temperature within the range of this mecha-

nism, or by alloy modifications to enhance recovery, again within the range of the

continuous recrystallization process.

Consider first the initial rolling pass on annealed material. If the reduction is

large (2.5 mm as in TMP II, V and VI), the strain rate will be high leading to a

large dislocation density (Figure 7.4a). If the reheating interval is short (4 mins.),

time may be insufficient for recovery to produce well-defined subgrains. Longer

reheating will result in better-defined subgrain boundaries. On subsequent passes
further dislocation generation takes place followed by recovery in the reheating in-

terval between passes. With the longer interval, the redundant dislocations recover

more completely, lodging in the subboundary walls. As /3 precipitation occurs at

nodes, the boundaries become stabilized such that the absorption of dislocations

in them results in more dislocations per unit length and hence increased misorien-

tation. This is illustrated in the diagrams of Figure 7.4a by comparing structures
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,3 PRECIPITATION

SIZE AN MISRIENTATION ARE SUFFICIENT

FOR CONTINUOUS RECRYSTALLIZATICN.

HEATING FOR ELEVATED

TEMPERATURE TESTING

T

SIZE AND MISORIENTATION ARE NOT

SUFFICIENT FOR CONTINUOUS RECRYSTALLIZATION

Figure 7.4b. Upon reheating prior to tension testing, recovery processes fa-
cilitate further increase in misotientation. With the longer reheating interval,
the structure is better able to sustain grain boundary sliding and is thus more
highly superplastic.
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developed in materials rolled with longer reheating intervals (upper diagrams -

TMP-VI) to those rolled with shorter reheating intervals (lower diagrams - TMP

V). As total strain is increased, the subboundaries are better able to sustain grain

boundary sliding and the resultant superplasticity will be enhanced (i.e., TMP II

is less superplastic than TMP V or VI). With The longer reheating time and pro-

cessing to larger total strain (Eroling = 2.5) the bounaaries have attained sufficient

misorientation and behave as high angle boundaries upon subsequent heating and

straining (Figure 7.4b).

If the reduction is small (1.0 mm as in TMP-I, III or IV), the strain rate will

be low and thus the equilibrium dislocation density lower than for a large reduction

(2.5 mm a&W ;n TMP-II, V, or VI). Subsequent recovery during reheating between

passes results in a greater subgrain size for the smaller reduction processing. This

effect is illustrated in Figure 7.5 and may be seen by comparing the microstructure

* shown in Figure 4.6 (TMP III) to that in Figure 6.10 (TMP V).

With sufficient passes to attain a total strain of 2.5, the material rolled with

. the short reheating interval and smaller reduction per pass, 1.0 mm (TMP - II),

does achieve a superplastic microstructure while that with the larger reduction, 2.5

mm (TMP V), does not. In terms of the model being proposed, this result occurs

because the short reheating interval does not allow the high density of redundant

dislocations, produced with the 2.5 mm reduction, enough time to recover to sub-

grain boundaries and thereby increase the boundary misorientation. Indeed, these

dislocations remain and are able to move in subsequent passes, thus diminishing

the need for fresh dislocation generation on each pass. The structure in essence is

like that of a cold worked metal. With a smaller reduction per pass, more passes are

required to reach a strain of 2.5 and thus more time is accumulated at the rolling

temperature. Recovery of dislocations to prior subboundaries would be facilitated.

Following the final pass and reheating for mechanical testing, this condition, TMP-

S. III, was shown to have attained boundaries of 20 - 70 misorientation (Hales and

mcNelley, i987), evidently suffic*ent to sustain superplastic mechanisms.
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Continuous recrystallization in Aluminum (Matsuki, et al., 1977) has been

proposed to occur either statically or dynamically (Watts, et al., 1976). The de-

tails of the mechanism have not been established but it is usually suggested to

occur by a process of subgrain boundary coalescence, either during initial heating

or during subsequent deformation. The material is usually presumed to be in a

cold worked condition prior to heating and thus the details of the processing to

induce the cold worked state are not important. Usually, only the initial disloca-

tion density is considered, and a finer structure assumed to result from a higher

dislocation density. Such a line of reasoning is not entirely satisfactory when ap-

plied to the situation of interest here. As noted previously, material rolled to the

final strain of 2.5 by a p-. .,,ss consisting of a large number of small passes (TMP

III) was more highly superplastic than one rolled with a small number of large

reductions (TMP V). This latter process would be presumed to result in a higher

-* dislocation density and thus yield boundaries of greater misorientation and ability

to sustain superplastic flow processes. In fact, the opposite is seen; the mecha-

nism proposed, involving recovery to pre-exisitng subboundaries, is better able to

explain the observed results.

This may also be seen in the results concerning the effect of reheating time

between rolling passes. Comparison of the mechanical property data for TMP V to

that for TMP VI reveals the latter to be more superplastic at 300'C, even though

material processed to TMP VI was reheated 30 minutes between passes while that

of TMP V was reheated only 4 minutes. Microstructure data for VI shows it to

be slightly coarser; it is expected, however, to have greater misorientation between
". adjacent grains to account for its greater degree of superplastic response.

F. EFFECT OF Mg CONTENT AND ROLLING TElIPERATURE

Al is a high stacking fault energy (SFE) material. Addition of Mg lowers the

SFE (Cotner and Tegart, 1969). The effect of Mg on Al is not as clear regarding the

effect of alloying elements as is the case in other, similar solid solutions,for exam-

". ple, in Cu-Zn and Zr-Sn (Pollard and Nuttins, 1964; Jonas et al., 1969; Luton and

Jonas, 1972; McQueen and Jonas, 1975; McQueen, 1977; Sherby et al., 1977). In
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these latter alloys,the dynamic recovery and polygonization processes are strongly

impeded (McQueen, 1977). Al-Mg alloys still develop a well defined substructure,

which means that the addition of Mg to Al is not as effective in retarding the

recovery process. McQueen (1977) has mentioned that the effect of Mg is through

"dynamic strain hardening" and the dynamic interaction between the Mg atoms

and the dislocations in the subgrain formation process (Morris, 1974, 1976). Shep-

pard has indicated that because of the activation energy for diffusion Mg is less

than the self-diffusion of Al, the Mg atoms move faster and surround dislocations

(Sheppard, 1985). This decreases the the rate of the annihilation processes. This

Mg atom-dislocation interaction varies according to the strain rate. In creep pro-

cesses where the strain rate is very small, the dislocation velocity is low and the

Mg atoms surround dislocations easily. n hot working processes, where the rate

of straining is high, the dislocations must move faster and the Mg atoms are less

• able to surround them and impede their motion. The higher the rate of straining

the less effective will be the Mg atoms. Sheppard (1985) has also noted that the

:- binding energy between the Mg atoms and vacancies is very strong. Because dislo-

u cation climb depends mainly on availability of vacancies, it will be impeded due to

• .- the presence of Mg atoms. The net result of these two effects is reduced dislocation
recovery and annihilation. Mg-content does not seem to influence the generation

rate, rather, by changing the balance between annihilation and generation, the

equilibriiim dislocation density is increased.

Data was obtained on the Al-8%Mg-0.1%Zr alloy, processed by either TMP

III or TMP V. When evaluated for superplastic response at 300'C, the opposite

trend to that obtained for the 10 wt. pct. Mg alloy was noted. For the 8%

6. Mg alloy, TMP-V (2.5 mm per pass with 4 minutes reheating) exhibited greater

ductility during testing at 300'C than TMP-III (1.0 mm per pass, also with 4

minutes reheating time). Comparison of data for this alloy and the 10% Mg alloy

for identical processing conditions is provided in Figures 7.6 and 7.7. In terms of

this recovery model, such a result reflects enhancement of recovery in the lower

Mg alloy sufficient to offset the effect of the short reheating time. A similar result

was shown in the 10%Mg-0.1%Zr alloy by varying the rolling temperature. TMP
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V (Figures 6.6 and 6.7) was employed and rolling was done at 220'C and 380'C

as well as 300'C. Based solely on consideration of boundary coalescence evolving

from an initially cold worked condition it would have been anticipated that the

lower rolling temperature would have produced the highest ductility in subsequent

300'C testing. The opposite result was obtained.

In summary, the following parameters must be considered:

_ reduction per pass

- total strain

" Mg-content

- * rolling temperature

* rehe-+;-g time between passes.

The first three result in increased dislocation density as any or all increase in value.

As any of the first three are increased then either or bot- of the latter parameters

must also be increased to an extent sufficient to facilitate recovery of dislocations

to subboundaries stabilized by the intermetallic # precipitates. Finally, it must be

kept in mind that these considerations apply only insofar as the alloy composition

and the rolling temperature fall within Region IV on Figure 2.8.
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I

IFigure 7.5. With smaller reduction per pass, fewer dislocations are generated
on each pass and more recovery time is available as more passes are required to

Pcomplete the rolling. A shorter reheating interval may therefore be sufficient
to attain a superplastic response../
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Figure 7.6. Ductility in percent elongation versus strain rate for AI-1O%Mg-
* O.1%/Zr and Al-8%Mg-O.1%Zr under TMP III processing conditions. Al-10oMg-

O.1%Zr shows higher ductility.
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Figure 7.7. Ductility in percent elongation versus strain rate for AI-10%Mg-
0.1%Zr and AI-8%Mg-0.1%Zr under TMP IV processing condition. Al-8%Mg-
0.1%Zr shows higher ductility.
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VIII. APPLICATION TO DEVELOPMENT AND ASSESSMENT
OF SUPERPLASTIC ALUMINUM ALLOYS

The concepts developed in this research are used for assessment and to consider

development of other superplastic Al alloys. Two types of superplastic materials

are chosen, one which shows superplasticity at high temperatures, and the second

at low temperatures.

A. ALUMINUM ALLOYS EXHIBITING SUPERPLASTICITY

AT HIGH TEMPERATURES

1. A1-5% MZ-1.2% Cr

A fine grained (3yim grain size) Al-5% Mg - 1.2% Cr alloy was developed

by Shin, et al., (1985) through a powder-metallurgy, thermomechanical processing

route. The fine grain size was obtained by discontinuous recrystallization before

superplastic deformation at 520'C. The tensile and superplastic properties of this

material were evaluated in the homologous temperature range of 0.75 to 0.98 Tm

(370°C-550°C). The data obtained by tensile testing at five temperatures over four

orders of magnitude of sti.zn rate (10- to 1 S- ') at each test temperature are

shown in Figure 8.1. Several points are apparnt. The superplastic behavior of this

material starts at a low modulus compensated stress valuc compared to the con-

tinuously recrystallized superplastic AI-10%Mg-0.1%Zr alloy. Also, the material

shows superplastic response at higher temperatures than the Al-10%Mg-0A1%Zr

alloy. The material shows a threshold stress and the value of the threshold stress is

seen to vary with temperatures, decreasing in magnitude with increase in temper-

ature. At high modulus compensated stress values, the behavior of this fine grain

material is identical to that observed in Al-Mg solid solution alloys, namely, that

of a class I solid solution alloy.

140

6



T- ,-.-". . W

The m value for this material in the superplastic range is larger than
that for low-temperature superplastic materials and does not show the anomalous

temperature dependence of the strength and ductility. This likely is because the

structure retains its stability over the whole test temperature range. At the highest

test temperature (550'C) the deformation rates of this material are as high as those

observed in pure aluminum. The rate, however, does not exceed that for pure

aluminum. At stresses where the creep rate of fine-grained material and of pure

aluminum are equal, the creep rate diminishes rapidly, decreasing with stress and

resulting in a region of high stress exponent. At stresses below this, the behavior

coincides with that of class I solid solution alloys.

The activation energy was measured at different '" talues. Shin, et al.,

(1985) have reported the value of Q where n = 2 to be about 135-139KJ/mole.

This is essentially equal to the activation energy for lattice diffusion of aluminum

O in aluminum, Q 140KJ/mole. Grain boundary sliding with lattice diffusion control

is likely the dominant deformation mechanism.

They reported the value of Q at low stresses equal to 180 KJ/mole, a value

which is higher than that for lattice self diffusion. They mentioned that, although

the origin of this high value of Q is not known, it has also been observed in a

class I solid solution alloy (Al-1% Mg) at low stresses where dislocation climb is

believed to be the rate controlling process. As shown in Figure 8.2, the activation

energy curves are continuous at low ' values, while at high f there is a change in

the slope of the log i vs. I curves. This discontinuity suggests the high value of

activation energy measured by Shin, et al., to be a result of a threshold stress.

2. Al-6Mg - 0.37Zr

'- This material was developed by Matsuki et al., (1976). After cold working

and recrystallization the material has a grain size - 7.6/im. Tensile testing was

carried out at high temperatures 400 - 500'C. The stress versus strain rate data

. were analyzed and the results are shown in Figure 8.3. The following can be

predicted seen in the data. The material starts to exhibit superplasticity at lower

Ii values than for the low temperature superplastic materials of this research and
E
also below the material developed by Shin, et al. The slope of the curve for this fine

~'14
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Figure 8.1. Modulus-compensated stress versus di ffusion-compensated strain

rate for the data of Shin, et al., (1985).
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grained material is equal to 2; the m value is greater than for any other material

tested. This is an indication that the material has a high stability and low rate of

grain growth during superplastic deformation.

The material also shows a threshold stress which is temperature dependent

and decreases as the temperature increases. The deformation rates qre less than

for pure Al for all temperature below 520°C. The data for 5200C was found to cross

the curve for pure Al. At this very low stress, the subgrain size in pure Al may

become larger than the grain size of this fine- grained material since the subgrain

size increases as stress decreases. Activation energy is equal to that for lattice self

diffusion of aluminum.

3. Aluminum Alloy 7475

A commercial aluminum alloy, 7475, was processed to achieve fine grain

size. The material was tested at temperatures from 437'C to 516'C. The stress

* versus strain rate data were analyzed and the results are shown in Figure 8.4. The

material tested at high temperature also shows show a deformation rate greater

than pure Al at low stress. This trend is similar to the behavior shown by Al-6%

- Mg-0.37%Zr, alloy investigated by Matsuki et. al., (1976).

4. Al-6.3%M&-0.5%Mn

Al-6.3%Mg-0.5% Mn was developed by Valiyev, et al., (1981). Superplastic

flow was observed in this alloy at 420'C, when the initial grain size obtained after

cold rolling followed by recrystallization was ;: 5pm. Their data were analyzed

and the results are shown in figure (8.5). The data coincide with the data for the

Al-1)%Mg-0.52%Mn in the recrystallized condition. This indicates that the two

materials have a similar structural state. The material also shows a threshold stress

at low stress values. The stress value at which the superplastic behavior starts is

higher than that given for the high temperature superplastic materials developed

by Shin. et al., (1985) and by Matsuki et al., (1976) but lower than given for the

lower temperature superplastic material of this research. The material shows an

rn value of about 0.4 which is typical value for materials showing superplasticity

in this temperature range.
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Figure 8.2. Activation energy data reported by Shin, et al., (1985).
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Figutre 8.3. Modulus- compensated stress versus diffusion-cmenstdtri
rate for the data of Matsuki, et al., (1976).

145



22 -I-

AlCu-Zn -Mg (7475)

20 RECRYSTALIZED,
(MAHIDHARA et a[)

TEST TEMPURATURES
10 o 437*C

L 457*C
o 4770C

1016 o 497 0 C
w 517*Cn=

0 PUR M Al-Mg
PUR At SOLID !OLYIT ON

(M-/ ALLOYS

10 ir'1

E

Figure 8.4. Modulus- compensated stress versus di ffusion- compensated strain
rate for the data of Mahlidhara et al., (1986)
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Figu re 8.5. M'vodul, is- compensated stress versus diffulsion compensated rate
* for the data of Valiycv, et al., (1981).
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B. AN ALUMINUM ALLOY EXHIBITING LOW TEMPERATURE
SUPERPLASTIC BEHAVIOR.

Data for an alloy exhibiting relatively low temperature superplastic behav-

ior was analyzed. This was Al-67%Mg-1.6%Li developed by Zhang and Grand

(1984). Very fine grain sizes resulting from rapid solidification resulted in super-

plastic deformation. The Al-6.7%Mg-1.6%Li alloy exhibits superplastic behavior

at temperatures near 325°C (Figure 8.6). An elongation of 182% was achieved for

strain rates of about 10-2S- 1 . The material was tested at temperatures 300'C,

325'C, and 350'C. The m value is about 0.4. The curves of log stress versus log

strain rate at various temperatures are straight over the entire range of strain rates,

confirming the presence of a stable grain size. A transmission electron micrograph

for the Al-6.7%Mg-1.6%Li alloy in the aged condition shows that the average grain

size is about 2 im, with Mg2 Al3 precipitates less than 0.1 1am in diameter. This

material does not show very high ductility, however, the material shows superplas-

tic behavior under the same conditions as 10%Mg- 0.1%Zr alloy. Also, the material

does not show microstructure instability in this temperature range but has an m

value of -0.35 and no threshold stress. It is noteworthy that microstructures as

fine as those attained in the wrought alloys of the research by continuous recrystal-

lization have only been attained by powder methods elsewhere. Then, ductilities

are much less than attainable by the methods developed here.

C. DISCUSSION OF HIGH AND LOW TEMPERATURE

SUPERPLASTIC BEHAVIOR

Following Sherby and Wadsworth (1982), two independent processes con-

tribute to the superplastic flow. The first grain boundary sliding accommodated

* by slip in the mantle region; the second is slip in the core region. These are two

independent processes and thus the fastest controls deformation. Superplastic re-

.ponse is expected when mantle processes dominate. Conditions which facilitate

mantle deformation and at the same time slip in the core region more difficult, if

-- possible, will lead to superplasticity at high strain rates. The principal microstruc-

rural feature which influences superplasticity is the grain size. Superplastic flow is

enhanced with a decrease in grain size. Fine grain size shifts the transition from
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Figure 8.6. Modulus-compensated stress versus diffusion-compensated strain
rate for the data of Zhang, et al., (1984).
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dislocation creep to superplastic flow to higher strain rates. According to Gifkins

[;:-.. (1976). for fine grain size and a fixed mantle width, the mantle region will domi-

nate. According to Arieli and Mukherjee (1980), the width of both the core and

mantle change with grain size. They assumed that the width of the mantle zone

is yd where y is a constant and d is the grain size. The dislocation density in the

mantle region is a function of strain rate it increases with strain rate.

The accommodation process (slip) in the mantle depends on the availability of

disiocations in this region. Any factor which obstructs the dislocations in the man-

tle will slow the accommodation process, and hence diminish the superplasticity.

Slip is grain size independent. All fine-grained superplastic materials likely deform

by the same slip processes as coarse grain material, while each has a characteristic

superplastic response depending on structare. This is evidence that the core de-

formation does not change much with grain size while the mantle deformation is

affected by changing the structure (grain size, particle volume fraction, type and

size).

If the material contains a large amount of stable dispersoid which can effec-

• - tively pin dislocations in the mantle regions, the accommodation process may be

. diminished seriously and the grain boundary sliding and superplasticity shifted to

-ii -a lower strain rate and higher temperature. The low temperature and high strain

rate superplasticity shown by fine-grained Al-Mg alloys is achieved because first, a

very fine structure of the order of 1- 3 pm evolves by a continuous recrystallization

-process. Second, a limited amount of particles, just sufficient to keep the structure

stable in the temperature range for superplastic deformation but not so high to

pin the dislocation in the mantle region is present. Finally, the intermetallic 3,

* important in establishing the fine grain size, is also able to deform with them.

In the deformation of fine-grained materials, for a given temperature there is a

- .- f. -range of strain rate in which superplastic flow by grain boundary sliding is expected.

When the strain rate increases above this limit, normal dislocation deformation

,(,lip creep) takes place, and for strain rate-s below the lower limit, superplasticity is

also lost. In ternis of the core and mantle model, when the strain rate increases, the

(lislocation (lensity increases in the mantle region and in the grain interior as well.
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Some of these lattice dislocations arrive at the mantle, climb to the boundary and
.'- -.%

participate in the accommodation process. Thus the accommodation process and

the grain boundary sliding go on unrestricted. Increasing the strain rate further,

- - more sources are activated in the grain interior, increasing the dislocation density

in the grain interior, and the number of dislocations arriving in the mantle region

increases. When strain rate reaches a certain value, and the dislocation density

increases in the mantle area, the back stress of these dislocations makes it more

difficult for dislocation in the mantle region to climb into boundary sinks. The

climb of dislocations inside the grain cores become the rate-controlling step. This

climb is controlled by lattice diffusion and the normal dislocation creep starts to

be the dominant deformation mechanism.

At low strain rates, the equilibrium dislocation density in the mantle region

becomes low. Below a certain value, the accommodation process becomes restricted

,. and the grain boundary sliding cannot proceed. Hence superplasticity will be di-

minished. Increasing the temperature will move the equilibrium dislocation density

in the mantle region to a higher value and, at the same time, more dislocations

arrive from the grain interior and help in the accommodation process. Thus grain

boundary sliding and superplasticity can extend to a lower strain rate. Fine grained

Al-Mg alloys superplastically deformed at 300'C do not show a threshold stress.

This likely is related to the relatively high strain rate at which this material is

deformed; the equilibrium dislocation density in the mantle region will be high,

the accommodation process and the grain boundary sliding will go unobstructed.

-, Ruano, et al., (1981), showed that the fine-grained Pb-Cd alloy studied by

Alden (1968), the fine-grained copper base alloy and the austenitic stainless steel in-

vestigated by Shei and Langdon (1978) show pipe diffusion controlled grain bound-

ary sliding. They indicated that the pipe diffusion may control the creep rate at

intermediate stresses and temperatures. This study of fine- grained, Al-Mg alloys

. has shown that grain boundary sliding starts at a high modulus-compensated stress

in the power law breakdown range. Comparison to data given by Alden (1968),

Shei and Langdon (1978) and by Ruano, et al., (1981), reveals these materials show

the same trend, and that grain boundary sliding with pipe diffusion control starts
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in the power law region when n > 7. Thus, the behavior of the Al-Mg alloys may

* in fact be pipe diffusion controlled for i - 101rn- 2 (Chapter IV).

To summarize, grain boundary sliding and hence the superplastic deformation

* starts at high stresses in low temperature superplastic materials. The transition

from slip to grain boundary sliding occurs at high stress. This is due to the lim-

ited amount of dispersoid, which is just sufficient to ensure the stability of the

structure, but not so high that it inhibits grain boundary sliding at high stress.

These materials have very fine grain sizes, evolved by continuous recrystallization

processes, a large volume fraction of very stable and fine dispersoids would be

needed which may then inhibit grain boundary sliding. Through continuous re-

crystallization processes it is possible to get a very fine grain size 1-2/Lm with a

small volume fraction of fine particles and thus move the transition between slip
and grain boundary sliding to high stress and strain rate.
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IX. SUMMARY AND CONCLUSION

The superplastic behavior of high Mg, Al-Mg alloys can be understood using

a phenomenological model relating diffusion-compensated strain rate to modulus-

compensated stress. This relation was originally proposed by Sherby and Wadsworth

(1982). At high stress, the behavior is identical to the creep behavior of coarse
grained Al-Mg solid solutions where dislocation climb is the deformation control-

ling mechanism.

The warm-rolled material becomes fine grained by a continuous recrystalliza-

tioai mechanism at relatively low temperatures (0.58 - 0.64 Ti) leading to evolu-

tion of a very fine grain structure of the order of 1 - 2 1um grain size. Garofalo's

(1963) hyperbolic type relation can be used to describe the creep behavior of coarse

grained Al-Mg solid solutions over both dislocation glide and power law breakdown

regions.

The warm-rolled, fine-grained material shows microstructural instability at

about 3250C, where the balance between the very fine grains evolved by continu-

ous recrystallization and the stabilizing ¢7 particles is disturbed and grain growth

or discontinuous recrystallization takes place. The material may either loose su-

perplasticity completely as in AI-10%Mg-0.1%Zr alloy or it may continue to show

superplasticity at high temperatures as in Al-10%Mg-0.52%Mn depending on the
ultimate grain size reached after the secondary recrystallization process. The phe-

nomenon of microstructure instability shown by this material does not occur so

markedly in eutectic or eutectoid materials where the stabilizing phase remains to

the melting point or in materials in which the fine grain structure is evolved by a

- discontinuous recrystallization process before starting the superplastic deformation.
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The microstructure instability and grain growth causes a change in the stress

versus strain rate response and anomalous behavior in the activation energy data.

The annealed and recrystallized material does not show the anomalous behavior

exhibited by the warm rolled materials because the mircrostructures are stable in

the range of temperatures examined.

The superplastic behavior of the fine grained Al-Mg alloys can be controlled by

changing the thermomechanical processing variables, namely, the total strain, the

reduction per pass, the reheating time between passes, the rolling temperature and

the alloy content, i.e. Mg. Increasing the total strain, the reduction per pass and

the Mg content as well as warm rolling at relatively low temperature and increasing

- - the reheating C i.,x between rolling passes will enhance the superplastic response.

A physical model based on the recovery and annihilation of individual disloca-

tions during rolling passes, reheating time between passes, cooling after rolling and

. heating for superplastic deformation can be used to describe the microstructural

evolution and the effect of thermomechanical processing variables on resultant su-

*..' perplastic response. According to this model, the microstructure evolution occurs

throughout the rolling by individual dislocations recovering into subboundaries, in-

creasing the boundary misorientations and leading to well-defined boundaries able

to sustain grain boundary sliding. According to this model, thermomechanical

processes which lead to generation of more dislocations (large total strain, large re-

duction per pass, low warm rolling temperature and high Mg content) at the same

time giving these dislocations sufficient time for recovery, will lead to subbound-

aries having enough dislocations per unit length and thus sufficient misorientations

' constitute continuous recrystallization to a very fine grain structure able to sustain

0 grain boundary sliding.

The results of this investigation can also be applied to assessment and to

development of new superplastic materials and to study the behavior of fine grained

materials in conjunction with the creep behavior of pure metals and of coarse

grained solid solutions alloy.
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